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Abstract

The intercalation of lithium into the polymorph of titania, TiO,-B, has been examined using first
principles methods, based on the Generalised Gradient Approximation within density functional theory.
Three symmetry unique sites have been identified for the preferential location of lithium within the
structure at low concentration, as well as the diffusion pathways between these sites. Lithium is found
to bind most favourably at a site close to the titania octahedral layer, while the lowest activation energy
for diffusion of 27 kJ/mol is found for diffusion along the open channel parallel to the b axis of the
material. The need to activate lithium towards diffusion through the population of higher energy
binding sites within the channel, along with the larger barrier for lithium to migrate through the
sidewalls of nanotubular TiO,-B, provides an explanation for many of the observed experimental

electrochemical properties of this potential battery material.



Introduction

The current drive to lower carbon emissions has led to new vigour in the search for more efficient
advanced materials for use in electrical storage. New forms of the titania polymorph TiO,-B have

(1.2 "in the form of nanotubes and nanowires. These

recently been synthesised by Armstrong et al
structures can be produced in high yield and in relatively large quantities by an inexpensive and simple
hydrothermal reaction between sodium hydroxide and anatase™ 2. Combined with their high surface
area morphologies, they have been shown to offer particular promise for utilisation as a negative

electrode for rechargeable lithium ion batteriest* *°!.

TiO,-B is the least dense polymorph of TiO,"®. In its nanotube form, TiO,-B has a greater
lithium charge capacity than the corresponding nanowire and bulk structures. Up to 338 mA h g* of
charge can be inserted into the nanotubes, leading to the final composition of Liy o, TiO»-BP.. Lithium
intercalation resulting in compositions of up to Lige1 TiO»-B (305 mA h g™) can be obtained for the
nanowire structure!®. The lithium capacity of the nanotube exceeds the charge capacity of anatase and
bulk TiO,-B structures, which have a maximum Li content of LigsTiO® and LiggsTiOp-BRY,
respectively. The superior capacity for the nanotube structure can be attributed to the higher surface
area, which provides greater electrode/electrolyte contact areas. In addition, there is more facile
intercalation into nanotube structures due to the short diffusion pathways within the smaller dimension
of the particles, which typically have a wall thickness of 25-30 APl Although there is some
irreversibility on the first cycle, the charge/discharge cyclability of the nanotube/wire is excellentt™ 3>
81 The rate capability of the nanowire is superior to that of nanoparticulate anatase and TiO,-B with an
average particle size comparable to the diameter of the wire!®. This demonstrates the enhancement of
the material properties due to its morphology, which renders this material particularly attractive for

energy storage applications.

While experiment has provided considerable information regarding the overall characteristics of
lithium intercalation within TiO,-B, there has been little elucidated regarding the atomic details of the
process. Here computational studies, especially those based on first principles quantum mechanics, are
able to play a role, as they have done in the case of lithium incorporation into numerous other oxide
materialsi***%). They can give insight into the local bonding environment, energetics and diffusion
behavior of the intercalated lithium within the host structure, which are often difficult to obtain
unambiguously from experiments. In addition, it is also possible to predict properties, such as the

intercalation voltages™ *" 2?2 as a function of lithium content.



To date, there has only been limited theoretical study of any kind of lithium intercalation
behaviour into the TiO,-B structure. There has only been one prior published theoretical study of
lithium intercalation in TiO,-B,"® which utilized the extended Huckel method®! mainly to investigate
the bonding properties of the lithium intercalated bulk TiO,-B material based on the crystal orbital
overlap population (COOP) formalism™®!!. This method suggests that the Li ion prefers to intercalate at
a site with five-fold oxygen coordination. It also predicts a small distortion of the original TiO,-B
framework in order to achieve optimal bonding interactions. Due to the low screening of the Li ion
repulsion, further filling of the TiO,-B channels beyond a stoichiometry of LiosTiO, became

energetically unfavourable within this study.

In contrast to TiO,-B, lithium intercalation in rutile and anatase has been studied extensively by
Koudriachova et al. using density functional theory (DFT) calculations!® 22 2271 Fyll relaxation of
structures for a wide range of insertion concentrations is used to identify the thermodynamically most
stable configurations and the lithium intercalation sites within the rutile structure®®®. The rutile
intercalation host is found to undergo significant deformation upon Li insertion, comensurate with the
dense nature of the structure. Although lithium intercalation is thermodynamically favourable, the
absence of lithium insertion into rutile at room temperature can be attributed to the kinetic restriction of

the diffusion process which is ameliorated with increasing temperaturel??.

In this study, we present the results of a theoretical investigation of lithium ion intercalation into
the bulk TiO,-B structure, based on density functional theory (DFT) calculations, in order to gain
insight into the atomistic details of this process that may influence its performance as a prospective
lithium ion battery electrode. Firstly, the stabilities of the various sites available for the lithium ions are
examined at low concentration. Secondly, the mobility of lithium within the structure was probed by
computing the activation barriers for lithium diffusion between the stable intercalation sites along the a,
b and c lattice directions. Finally, the effects of lithium concentration on the voltage behaviour are
investigated by constructing the average intercalation voltage curve. The results of this investigation
provide new information regarding the properties of this lesser characterised polymorph and also offers
explanations for some of the experimental characteristic properties™ * > ® of lithium incorporation into

the different forms of TiO,-B structures, such as the nanotubes/wires.

Methodology



Lithium intercalation in TiO,-B has been investigated using density functional theory as
implemented within the SIESTA methodology and program!?®.. Here the core electrons and nuclei are
represented through non-local norm-conserving pseudopotentials of the Troullier-Martins form!®®),
while the valence Kohn-Sham eigenstates are expanded as a linear combination of pseudo-atomic
orbitals (PAQOs). The PAOs are constructed from the numerical solution to the pseudised atomic
problem, subject to a confining potential that ensures that the orbitals are strictly local in order to
ensure linear-scaling construction of the Kohn-Sham Hamiltonian and overlap matrix. In the present
work, an energy shift associated with the orbital confinement of 0.01 Ry was chosen. In order to ensure
smoothness of the orbital derivatives at the cutoff, the soft-confinement scheme of Junquera et al.=”
was employed with a potential of 50 Ry and the radius at which the asymptotically infinite potential
begins to be applied was set to 0.8 of the cutoff radius. The basis set was decontracted using the
previously proposed split-norm scheme with an outer norm fraction of 0.3 to generate a basis set of
double-zeta polarised (DZP) quality for all atoms except titanium, where orbitals of f angular
momentum were not included. In order to obtain a reliable description of titanium, the 3p semi-core
states were explicitly included in the valence, while the overlap with the 3s levels is described through
non-linear core corrections®. This treatment is found to be important in order to reproduce the
expected trend of TiO, phase stability and in correctly describing lithium intercalation into the rutile

structurel2?: 25 27, 28, 32-40]

All calculations have been performed using the Generalized Gradient Approximation (GGA)
with the functional due to Perdew, Burke and Ernzerhof (PBE).*Y While Zhou et al™*? have
demonstrated that the use of GGA+U leads to approximately an order of magnitude improvement in
quantitative prediction of cell voltages, through the improved description of the energy of transition
metal d-electron states by reduction of the self-interaction error, the qualitative trends obtained in the
absence of an on-site Hubbard U parameter are typically correct. Furthermore, the effective U values
(U-J) used in previous LDA+U studies involving titanium are much smaller than those employed for
later transition metals. [*! Consequently, we have chosen to employ just the pure GGA for the present

study.

Spin-polarization was included under the constraint of fixed total spin in order to describe the
intercalation of lithium with an odd number of electrons. The Kohn-Sham eigenstates were solved for
through matrix diagonalization with sampling of the Brillouin zone on a uniform Monkhorst-Pack grid
of k-points. The dimensions of the sampling mesh were determined according to the method of Moreno

& Soler™!, with an equivalent real space cutoff of 13A.



For the evaluation of the Hartree and exchange-correlation contributions, the electron density
was expand in an auxiliary basis set consisting of a uniform grid of points in real space with an
effective kinetic energy cutoff of 400 Ry. To try to maximise translational invariance, the grid cell
sampling scheme was employed based on two points at displacements of (0,0,0) and (1/2,1/2,1/2) as
fractions of the mesh spacing. The numerical parameters associated with both real and reciprocal space

meshes were chosen to ensure convergence of the total energy of rutile to within 0.01 eV.

All geometry optimisations were performed using conjugate gradients with a convergence
criteria of 0.01 eV/A for the atomic forces and a pressure tolerance of 200 bar with respect to the unit
cell. A graphical user interface, GDIS™* was used to build the SIESTA input files and to visualise the
output of the calculations.

Determination of lithium intercalation sites. In order to determine lithium intercalation sites
within the bulk TiO,-B structure, a stoichiometry of LiysTiO,-B was initially considered. In order to
predict the possible intercalation sites, the following considerations were taken into account. Firstly, the
inserted Li atom is ionised, donating charge to the lattice!® 2* %!, The position of Li ion in the TiO,-B
structure is largely influenced by its interaction with the nearby oxygen atoms. It is expected that the
most favourable configuration corresponds to the geometry with the highest degree of oxygen
coordination’®. Secondly, a stable intercalation should produce effective screening of the electrostatic
repulsion due to Li-Li and Li-Ti ions interactions® 2% 2271 The effective screening can be achieved by
increasing Li-Ti distances and the degree of oxygen coordination®. In addition, it seems likely that the
number of different low-energy positions available for intercalation is determined by the relative size of

the Li guest ion and the space available within the lattice.

The Li ion was initially inserted into nine different possible intercalation sites within the
asymmetric unit of the bulk structure for the LiygTiO,-B stoichiometry. The system was fully
optimised in each case to achieve a local minimum in the total energy, which corresponds to a possible
intercalation site. The stable sites for lithium intercalation into the bulk TiO,-B structure towards the
dilute limit of concentration (Liy4sTiO2-B) were also investigated in order to determine the intrinsic
structural preferences without the complexity of lithium-lithium interactions. To achieve this, the Li ion
is inserted into a supercell structure made up of 1 x 3 x 2 unit cells, where the ratio of the dimensions
were chosen in order to try to achieve close to uniform spacing of lithium in all crystallographic
directions. The energy required for lithium intercalation is then computed based on the assumption that

Li atoms are extracted from bulk lithium metal.



Lithium diffusion. Although in principle the occupancy of the various lithium intercalation
sites can be predicted from thermodynamic considerations, it is also important to examine the kinetics
of diffusion since this could potentially prevent sites from being accessed. The mobility of the Li ions
is examined by computing the constant volume energy surfaces for a single lithium diffusing in a
material of LiygTiO2-B stoichiometry. Lithium is assumed to move through the TiO,-B structure by
‘hopping’™® from occupied to unoccupied intercalation sites. Lithium diffusion between intercalation
sites along the a, b and c directions is considered. At each position the energy is evaluated after
geometry relaxation of the internal coordinates. Consideration of the lithium-lithium interactions and
their influence on diffusion as a function of loading would lead to more pathways than it is currently
feasible to examine based on first principles techniques. However, it is likely that such effects are going
to be secondary to the intrinsic preferences for occupied-unoccupied site hops, especially since the

reduced band gap with increased lithium content will lead to improved dielectric screening.

Constrained optimisations are employed to determine the total energy for each configuration
along a pathway. In this case, the motion of the Li ion and four Ti atoms are constrained along the
diffusion direction, while directions normal to this direction are allowed to fully relax for all atoms.
Constraints are applied to the Ti atoms that are located at large distances from the Li ion in order to
break translational invariance. The geometric constraints are implemented using the Z-matrix facility
within SIESTAM. The relative energy surfaces are then constructed with respect to the minimum
energy configuration.

Lithium concentration. In order to examine the effect of lithium concentration, an average
intercalation voltage is computed for lithium incorporation into the bulk TiO,-B (cathode) at different
concentrations. The LixTi0O,-B ordering configuration is considered for x = 0, 1/48, 1/24, 1/16, 1/8 and
1/2. In this case, lithium ions are assumed to be generated from bulk lithium metal anode. The average
intercalation voltage is computed using the method described by Aydinol et al.®?. This method allows
one to compute the average voltage between two intercalation limits, based on the approximation that
the entropic contribution to the free energy is negligible. The calculation requires the values of the total
energies for bulk lithium metal and LiTiO,-B as a function of composition. The voltage at a particular
composition is then determined by finite differencing the total energies for the configurations either

side of that particular value of lithium content.

The most stable configuration is determined by initially considering the possible permutations

for lithium ordering at each concentration while allowing for space-group symmetry to focus on unique



configurations. Candidate low energy configurations were created based on the following
considerations. Firstly, the Li ions will tend to populate the intrinsically most stable sites first, as
determined for the low concentration limit. Secondly, the Li ions will tend to maximise the Li-Li

separation in order to reduce the ionic repulsion®.

At least five suspected low energy initial configurations were considered for each
stoichiometry. An energy calculation is then performed for each of the candidate configurations at
fixed atomic coordinates and unit cell parameters. The computed energy of the system should indicate
the approximate structural stability of the initial configuration. The lowest energy structure is chosen
and further optimised until the full relaxation of the internal atomic coordinates and the cell parameters
is achieved. Although it cannot be guaranteed, these configurations should be close to the minimum
energy structure for each stoichiometry. In order to be certain a more extensive study of any potential
disorder would be required by combining the first principles results with interatomic potentials and
cluster expansion methods, as applied to disordered materials where configurational entropy becomes

important*.

Results and Discussion
Bulk TiO,-B

Prior to the investigation of lithium ion intercalation, it is important to verify how well the
general simulation conditions reproduce the bulk properties of TiO,-B. In this case we consider the
reproduction of experimental lattice parameters and the trend in the relative phase stability of TiO,-B

with respect to rutile and anatase.

The bulk structure of TiO,-B was first synthesised by Marchand et al. in 1980™° by jon-
exchanged of K* for H" in K,Ti4Oy to form a hydrated hydrogen titanate. It was then transformed to
TiO,-B by heating at 500°C" ® 1. Ti0,-B has a monoclinic structure with experimental lattice
parameters of a = 12.1787(10)A, b = 3.7412(2)A, ¢ = 6.5249(5)A and A = 107.054(4)° " % The
framework of the TiO,-B structure is constructed from corrugated sheets of edge- and corner-sharing
TiO, octahedra that are linked by bridging oxygen atoms to form a three-dimensional network!”
(Figure 1). Consequently, this structure is more open than rutile, anatase or brookite, with infinite
channels that are perpendicular to the (010) face. This structural feature is a major factor in making this

material an effective host for lithium ion intercalation. Therefore, it is important that the computational



method and conditions used reproduce the structure accurately and that any structural deformations

induced by lithium intercalation can be simulated correctly.

Starting from the experimental values of lattice parameters of bulk TiO,-B, the structure is
optimised until full relaxation of the internal coordinates and the cell parameters is achieved according
to the tolerances previously specified. The resulting calculated lattice parameters are a = 12.3512A, b =
3.7904A, ¢ = 6.6015A and g = 107.0684°. They are in agreement with the experimental valuest” ! to
within 1.42%. The magnitude of this error is consistent with the expectation that the use of the PBE
functional, along with most other GGAs, tends to overestimate the computed cell parameters by 1%,
The slightly larger error than this target is primarily due to the incompleteness of the basis set with

respect to the planewave limit.

The semicore pseudopotential® treatment on titanium is crucial in order to produce the
expected trend of TiO, phase stability where rutile is the most stable structure followed by anatase and
TiO,-B, respectively. The use of the DZP basis set produces the expected trend of phase stability as
seen experimentally. In this case TiO,-B is less stable by 2.4 kJ/mol with respect to rutile. However, it
should be noted that when higher quality basis sets are utilized, anatase is predicted to be more stable
than rutile, in line with the majority of planewave studies and thus the correct ordering is fortuitous. In
the case of a triple-zeta double-polarised basis set, anatase is more stable by 0.29 kJ/mol with respect to
rutile. Similar difficulties with respect to the rutile-anatase energy difference were also reported in the
previous localised orbital study by Muscat et al'®® where the the computed properties of the bulk TiO,
phase are sensitive to the treatments of the exchange and correlation, as well as the numerical
approximations. For the present work, the DZP quality of basis set is found to be adequate since the
energies of different sites within the same TiO,-B phase are important rather than the relative stability

of alternative phases.

Lithium ion intercalation sites

Having explored a range of lithium initial positions for the LiyssTiO2-B stoichiometry, three
distinct stable lithium intercalation sites were identified, as shown in Figure 2. Here the absolute energy
of lithium incorporation is computed relative to bulk TiO,-B and the assumption that lithium ion was

extracted from lithium metal.



As can be seen from Table 1, the computed energies indicate preferential binding in the penta-
coordinated site shown in Figure 2C, located at fractional coordinates of (0.68, 0.66, 0.50). At this site
Li ion achieves the most stable five-fold coordination by oxygen atoms. Li ion insertion into this site at
the dilute limit of concentration causes reduction of the lattice symmetry from monoclinic (C 1 2/m 1)
to Triclinic (P 1) and a small expansion of the b-lattice constant by 0.23%. This leads to an overall

volume increase of 0.36%.

The second most stable site is located at a distorted octahedral site, shown in Figure 2B, at
fractional coordinates of (0.50, 0.63, 0.50). In this environment, Li ion effectively has two-fold
coordination by the oxygen atoms that bridge the layers in the structure, with four more distant oxygens
also weakly coordinating it. The Li ion is located slightly off-centre from the high symmetry point
within the open channel of TiO,-B. Insertion at the dilute limit into site B causes a smaller, when
compared to site C, overall expansion of the unit cell volume by 0.13%. This is to be expected since
site B is situated at the most open part of the channel within the material and so little distortion of the

structure is required to accommodate a small cation.

The least stable lithium intercalation occurs at the second penta-coordinated site, shown in
Figure 2A, located at fractional coordinates of (0.56, 0.66, 0.70). The oxygen atoms form a triangular
bipyramidal structure, where Li ion effectively experiences three-fold coordination with the nearest
oxygen atoms. Insertion of lithium at the present concentration at site A again causes a small expansion

of the overall cell volume by 0.33%, very similar to site C.

The favourability of intercalation into a particular site seems to be influenced by the interplay of
two different factors. On the one hand, lithium would ideally favour maximising the coordination
number with oxygen, while reducing the Li-Ti repulsion. However, distorted five-fold coordination is
found in both the most and least stable sites. Hence, this has to be balanced against the lattice strain
induced by the presence of the cation, which favours sites B and C that both reside within the more
open channel region. It is the combination of these two factors that makes site C the preferred one,
though the energy difference to site B is close to the limit of the accuracy of current non-local density
functionals. Overall, it appears that the steric argument is the dominant factor of the two highlighted.

Li ion intercalation in the TiO,-B structure was previously studied by Nuspl et al.!®! based on
extended Huckel theory!?®!. This earlier work also suggested that the Li ion prefers to adopt five-fold

coordination, in agreement with the present study, except that the penta-coordinated site A, shown in



Figure 2A, was proposed as the minimum energy structure. However, the structural stability was
derived for a stoichiometry of Li1, TiO,-B and assumed an ideal geometry for the host lattice!®. Given
these two differences, some quantitative discrepancy is to be expected, especially since the present
work indicates that the local oxygen environment undergoes some distortion on lithium incorporation,
thus limiting the validity of the second approximation made in the previous work. In addition, Nuspl et
al. did not consider Li ion intercalation at the most favourable penta-coordinated site (shown in Figure
2C) and the distorted octahedral site B.

Previous density functional theory studies of Li ion intercalation into the rutile and anatase
phases of TiO, have been presented by Koudriachova et al.? %, Contrary to lithium intercalation in
the Ti0,-B structure, significant distortions of the original structures were observed for intercalation in
rutile and anatase. In the case of anatase, initial intercalation proceeds as a single reaction at low
concentration (for Ligos - 01 TiO2) and further insertion produces a two phase equilibrium of Li-poor
and Li-rich regionst®?. This was explained in terms of strong local distortions of the structure due to the
localisation of the donated charge on the Ti ion during the phase transformation®®. Lithium
intercalation into the octahedral site is strongly favourable in the case of rutile. Similar to the
intercalation in anatase, this site accommodates the Li ion with significant structural deformation
involving anisotropic expansion of the lattice parameters®®®. TiO,-B seems to provide a more facile
structural framework for Li ion intercalation since small structural changes are observed upon lithium
insertion. TiO,-B has a lower structural density than rutile or anatase, and it forms a one dimensional
channel along the b direction that would allow Li ion to diffuse through the structure to reach the stable

penta-coordinated intercalation site without producing significant structural deformation.

Lithium diffusion

Although lithium ion intercalation into the TiO,-B structure has been observed
experimentallyt™ & 10-33.40. 48] anqd confirmed to be thermodynamically favoured in the present work, the
accessibility of the stable intercalation sites ultimately depends on the kinetics of the diffusion process.
In order to examine Li ion mobility, constant volume energy surfaces for a single Li diffusion have
been computed in a supercell structure of LiyugTiO,-B stoichiometry. The diffusion pathways

examined between sites are illustrated schematically in Figures 3a-c, with the corresponding energy

10



profiles shown in Figures 4-6. Three overall diffusion pathways have been considered corresponding to

lithium migration parallel to each of the crystallographic axes.

In order to determine the energy surface for diffusion, the lithium coordinate was fixed at a
given value in the appropriate direction and the remaining degrees of freedom allowed to relax, along
with those of the surrounding titania structure. The coordinates of a further set of Ti atoms in a single
plane, remote to the lithium, were also fixed in order to prevent overall translation of the lattice.
Constrained diffusion calculation under constant volume conditions were chosen because Li ion
diffusion at the dilute limit of concentration is expected to yield only a small change in the lattice
parameters for lithium insertion at this concentration, as previously demonstrated for sites A, B and C.
Furthermore, in the real situation where a stoichiometric number of lithium ions do not diffuse
concurrently, the overall bulk unit cell will not be able to respond to individual ion movements. The
optimisations of the energy minima demonstrate that the internal relaxation of the coordinates is the

predominant change in response to lithium ion location.

Lithium migrates through the TiO,-B structure by ‘hopping’™ from occupied to unoccupied
intercalation sites. In order to examine Li ion mobility along the a direction, the diffusion pathway is
divided into two segmentst®. The first segment corresponds to the migration pathway of lithium from
the first C intercalation site (indicated by C1 in Figure 3a) located at the fractional coordinates (0.68,
0.66, 0.50) to the B site located at (0.50, 0.63, 0.50). The energies were computed for different
positions of Li ion along the pathway for 0.51a < x < 0.68a. The energy barrier is computed to be 12.2
kJ/mol and occurs for a lithium coordinate of 0.56a. As lithium diffuses along this pathway (C1— B),
it moves through the small oxygen gap of 3.62A corresponding to a distance between oxygens number
4 and 5, as labelled in Figure 2C.

The second segment of this pathway corresponds to the migration pathway of lithium from the
first C intercalation site located at approximate fractional coordinates of (0.68, 0.66, 0.50) to the next
equivalent site by structural symmetry, indicated as C2 in Figure 3a, located at (0.78, 0.54, 0.50). The
energies were computed as a function of lithium position along the pathway for 0.66b >y > 0.57b
deduced from the symmetry of the structure. The energy barrier for this pathway is 96.9 kJ/mol, which
occurs when lithium has a y coordinate of 0.58b. In this case, the overall energy barrier for diffusion
along the a direction corresponds to the pathway between the C intercalation sites. As shown in Figure
4b, the energy profile for diffusion between the two symmetry related C sites is not symmetric as a
result of the strong distortion of the structure during migration. Hence, in order to validate the transition

11



state with respect to numerical factors the barrier was computed in both directions. Figure 4b
demonstrates that the two potential energy surfaces are mirror images of each other about the centre of
symmetry between the two C sites and therefore are in excellent agreement.

Only one important diffusion pathway is considered for lithium diffusion along the b direction.
This pathway corresponds to the migration of Li ion from the first B intercalation site (B1 in Figure 3b)
located at (0.50, 0.63, 0.50) to the next equivalent intercalation site by symmetry located at (0.50, 0.37,
0.50). The energies were computed for different positions of Li ion along the pathway in the range
0.63b <y < 0.49b derived from the structural symmetry. The overall energy barrier for this pathway,
shown in Figure 5, is 27.0 kJ/mol located for lithium sited at 0.50b, which represents the mid point

between the two B sites.

In order to examine lithium mobility along the c direction, the diffusion pathway is again
divided into two segments. The first segment corresponds to the migration pathway between the B
intercalation site located at the fractional coordinates (0.50, 0.63, 0.50) and the first A intercalation site
(indicated by Al in Figure 3c) located at (0.56, 0.66, 0.70). The energies were computed as a function
of lithium position along the pathway for 0.50c < z < 0.68c, as shown in Figure 6a. The computed
energy barrier is 37.6 kJ/mol, which occurs for a lithium coordinate of 0.64c. The second segment
corresponds to the migration pathway between the first A intercalation site located at (0.56, 0.66, 0.70)
and the next equivalent intercalation site by symmetry (indicated by A2 in Figure 3c) located at (0.36,
0.66, 0.80). The energies were computed as a function of lithium position along the pathway for 0.70c
<z < 0.77c, illustrated in Figure 6b, based on structural symmetry. The energy barrier is 36.4 kJ/mol
located at 0.76c. The overall energy barrier for diffusion along the c direction corresponds to the

pathway between Al and A2 intercalation sites.

As summarised in Table 2, lithium mobility is expected to favour the directions in the order of b
> ¢ >> a based on the overall activation energy barrier heights. The TiO,-B structure forms open
channels parallel to the b-axis, which are sufficiently large enough to be able to accommodate lithium
diffusion without inducing appreciable deformation. In contrast, diffusion in any other crystallographic
direction involves the cation migrating through small rings of cross-linked octahedra and thus induces
appreciable localised strain. This causes the strong asymmetry in the energy barriers for lithium
diffusion across C1 <« C2 and A1 < A2 pathways shown in Figures 4b and 6b, respectively. This non-
symmetrical behaviour is similar to stick-slip behaviour, where the ion migration induces distortion of

oxygen environment until a threshold is reached at which the lithium can pass through the face of the

12



coordination polyhedron. Although we have only considered the activation energy and not the attempt
frequency prefactor to the rate constants, it is unlikely that this would significantly alter the present
findings since the vibration of the lithium is unlikely to show strong anisotropy and variation between

sites.

Diffusion along the c direction is expected to follow a ‘zigzag’ path due to the offset of the
symmetry related A sites parallel to the a-axis on opposite sides of the titania layer, as shown in Figure
3c. Migration involves a three step process involving an activated hop from the B site in the channel to
the A site on one side of the octahedral layer, followed by a transition state leading to an A site on the
opposite side of the layer. The final step, from the second A-site back to a B-site, has a relatively low
barrier of 14.2 kJ/mol, being driven by the lowering of energy associated with the transition between
the minima, and so is not expected to significantly influence the rate of diffusion. The overall barrier
height to diffusion for this direction is 37.6 kJ/mol corresponding to the diffusion from the B site to the
A site .

The highest energy barrier of all corresponds to lithium diffusion parallel to the a direction.
Here there is a low energy barrier for migration of lithium from the B site in the channel to the more
stable C site, followed by a more significant activation energy to attain the adjacent C site. This is
perhaps the most surprising result, in that at first sight the pathway between the C sites appears
relatively open and so facile diffusion is expected. However, the reason that the C site is the most stable
binding position is because the structure is able to distort to maximise the local coordination of lithium;
an effect that has to be reversed to facilitate diffusion. Based on the result that diffusion should occur
most readily along the b-direction via hopping between B sites, the low activation energy for lithium to
leave the channel and attain the more stable C sites represents a trapping mechanism that will slow
diffusion.

Experimentally, the growth of microfibrous TiO,-B tends to be predominantly parallel to the b-
axis™ *. This directional growth behaviour also occurs in the case of TiO,-B nanotube structures.
High-resolution transmission electron microscope analysis indicates that the crystal structure orients in
the nanotube structure in such a way that the b-axis lies along the longitudinal axis of the tube and the
a-axis is parallel to the radial vector for the tube!®. Thus, the rate determining step for diffusion in these
structures should correspond to lithium transfer across the wall of the nanotube and surfaces of the

nanowire.
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Cyclic voltammogram measurements obtained for various TiO,-B structures (bulk, nanowire
and nanotube) revealed the presence of S-peaks with small peak-to-peak splittings, which are believed
to be the signature of the TiO,-B behaviour® * *8 The existence of S-peaks was interpreted as
Faradaic pseuodocapacitive Li-storage behaviour due to the surface confinement during the Li-transfer
processi”). This process was initially rationalised based on the idea of fast lithium transfer through the
parallel channels of the TiO,-B lattice!® “®. These channels are abundant at the cross section of the
microfibrous particle and run perpendicular to the (010) face of TiO,-B. During the lithium insertion,
Li ions interact with the overall surface of the particle and could potentially penetrate into the bulk
fibre through the radial direction. Assuming the channels transfer Li ions rapidly within the particle, the
rate determining process is attributed to the transfer across the surfaces, which may provide the

mechanism for surface confinement.

The computed diffusion energy barriers presented in Table 2 confirm the high lithium mobility
through the channels and that the overall kinetics of the intercalation process should be determined by
lithium migration across the surface, which corresponds to more highly activated migration pathways
through the structure. Therefore, the high diffusion energy barrier across the surfaces is indeed likely to
be responsible for the formation of the S-peaks. The fact that these peaks are present in the different
types of TiO,-B structures® > “® indicates an inherent characteristic diffusion behaviour of the bulk

TiO,-B structure.

The experimental obsevation of pseudocapacitive lithium storage behaviourt*®! can be attributed
to the existence of a reversible intercalation site in the vicinity of the channels in TiO,-B structure. This
site corresponds to the three-fold pentacoordinated site shown in Figure 2A. The diffusion energy
barrier for intercalation at this site (B> Al pathway) is higher than the one along the b direction.
Lithium could temporarily undergo stable intercalation at the (001) face and produce the
pseudocapacitive characteristic. This process is expected to be reversible since lithium prefers to

migrate back towards the octahedral site and diffuse through the channel.

Observation of pseudocapacitive lithium storage in other structures with one-dimensional
channels, such as ramsdellite!® and hollandite’®®, has not been confirmed. The hollandite structure
shows poor lithium storage electrochemistry despite the fact that it exhibits large open channels in the
lattice®®!. Coincidently, good pseudocapacitive performance in TiO,-B corresponds to structures with
open pathways for Li-transport and proper reversible intercalation site located in close vicinity of these

pathways*®l,
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The kinetics of the Li ion transfer into the TiO,-B nanostructures is dominated by migration
across the (100) and (001) faces. The contribution of the (010) face can be neglected since it engages in
Li ion transfer occurring just at the tip of the fibre or the tube. There is a significant difference in the
effective energy barrier for diffusion through the (100) and (001) faces, which could provide a reason
for the presence of the peak-to-peak splitting of the S-peaks during the lithium insertion process. This
behaviour is similar to the lithium insertion anisotropy in the anatase phase®®. Thus the characteristic
behaviour of the bulk crystal structure is maintained throughout the different types of TiO,-B

structures.

The fine structure of the S-peaks changes as the morphology of TiO,-B particle is transformed
from the bulk structure (typical diameter of 100-200nm and length ~1-2pum) to nanowires (with
diameters of 20-40nm and length up to several micrometers)[3' 58 In the case of the Li-insertion
process, the peak-to-peak features become less well resolved. The S-peak ‘smoothing’™ can be
attributed to the possible changes in the lattice structure due to the presence of lattice strain from the
formation of the cylindrical structures. The TiO,-B structure will be highly strained as it forms the wall
of the nanotube structure. The small particle dimension and the curvature of the nanotube walls or the
nanowire surface can potentially alter the energetics of the lithium intercalation. Since the a-axis of the
TiO,-B lies parallel to the radial direction of the tube, the curvature of the tube may produce expansion
of the (100) and (001) faces, which alters the energy barrier for diffusion along the a and c directions.
Changes in the fine structure of the S-peaks during the discharge process can be attributed to the

alteration of the energetics of lithium diffusion at high concentration.

Initial irreversible capacity loss is a common phenomenon that happens for all TiO,-B
structures. Lithium intercalation in the TiO,-B nanowires leads to 3% of discharge capacity loss™. On
the contrary, there is significant irreversibility for intercalation in the TiO,-B nanotube structure
indicated by 29% of discharge capacity loss®. Irreversible capacity loss was also observed for
intercalation into bulk TiO,-B® °!. It seems that the magnitude of irreversible discharged capacity
increases as a function of increasing surface area. The possible formation of a Solid Electrolyte
Interface (SEI) layer, commonly occurs as a problem on graphite electrodes, was dismissed as a
possible cause for the irreversible capacity loss in TiO,-B structures™ . Transmission electron
micrographs and AC impedance plot analysis reveal no evidence of SEI layer formation at these

surfaces.
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Armstrong et al. [ * 5 8 suggested a few possible reasons for the initial irreversible capacity
loss. Firstly, during the intercalation process, the Li ion could become trapped in certain sites due to the
minor relaxation of the structure. This makes it more difficult for lithium to be extracted during the
following charge/discharge cycles. From the results of the present DFT calculations, a lithium
‘trapping’ mechanism can be postulated based on competition between the high mobility along the
channel and the favourable lithium diffusion from the off-centred octahedral site to the most stable
pentacoordinated site (indicated by B— C1 in Figure 3a). The C1 intercalation site is easily accessible
due to the low energy barrier for B> C1 pathway . Thus, lithium could become trapped at this more
stable site once the electrochemical potential is removed that favours channel diffusion. Regaining the
mobility of these lithium ions then requires reactivation of the system through driving the ions back to
the B sites.

The second possible reason for irreversible capacity loss is the poor electronic conductivity at
the surface regions, which may lead to the formation of an insulating layer within the TiO,-B near the
surface, and therefore provide significant kinetic hindrance during lithium extraction® > ©. Lithium
ions could potentially be trapped in the C1 intercalation site and induce the formation of an insulating
layer. This layer may impede lithium migration across the (100) face during their extraction. The
current DFT investigation of lithium intercalation at this site does not indicate significant lattice
deformation that would potentially be sufficient to lead to the formation of a new phase or
superstructure near the surface. This is in agreement with the experimental observation based on the X-
ray measurementst® 5 8. |n addition, NMR investigations indicate that all occupied intercalation sites
are equivalent for the Li1, TiO,-B stoichiometry™® 3* %% with no indication of the formation of new
phases. Thus both theory and experiment indicate that the capacitive loss is likely to be related to the
subtle changes in the TiO,-B structure after lithium intercalation. However, further work is necessary
in order to investigate the possible surface contribution to the initial lost of discharge capacity™ °.
From the computer modelling point of view, lithium ordering for interfacial intercalation and the
diffusion behaviours across the surfaces must be investigated to further understand the surface
contribution on the lithium storage capacity in TiO,-B.

Lithium concentration.
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The effect of lithium concentration has been investigated by exploring a range of compositions
for LixTiO,-B. From this it is also possible to construct the average intercalation voltage, which was
computed based on the total energies of the most stable configurations found at each concentration and
the energy of lithium in bulk metal®. Here the voltage at a particular composition is determined by
finite differences with respect to the energies of compositions either side of the current value*®. As in
previous studies we approximate the free energy by the internal energy and assume that entropic
contributions are small at low temperature. The plot of the computed average intercalation voltage
corresponding to lithium insertion, computed from energies for compositions in the range 0 to %, is

presented in Figure 7.

First of all the preferred location of lithium as a function of increasing content within the TiO,-
B structure can be considered. Although the configurational search is not totally exhaustive, leading to
some small degree of uncertainty, a clear trend is apparent. The first lithium in the supercell is
preferentially positioned at the C site, as previously determined. Similarly, the second lithium adopts
the same type of site, but in the other interstitital region between the octahedral layers (there being two
conventional cells per supercell in each direction). The next two lithium ions are also able to occupy
the more favourable C-type sites, but have to share the same plane as the previously intercalated
lithium ions. Consequently, they prefer to reside on the opposite side of the b axis channel and
displaced along this direction relative to the first lithium. By the composition of Lig125TiO,, a more
complex interplay between intrinsic site preference and lithium-lithium Coulombic repulsion begins to
occur. For this material, four lithiums are located at the C-type sites, while two are now found at the
least favourable A-site, adjacent to the octahedral titania layers. Hence, it is clear that maximising the
lithium-lithium distance begins to become sufficiently important that the structure prefers not to
populate all C-type sites. At the highest level of lithium incorporation investigated, LiosTiO2, which

corresponds to 24 lithium atoms per supercell, the distribution is equally divide between A and C sites.

Turning to consider the voltage curve as a function of composition, shown in Figure 7, there are
two distinct regions. Initially the voltage exhibits an almost constant value, just in excess of 2.4 V,
before decreasing to a value just below 2 V. The second voltage point, corresponding to the average
lithium content of 0.0315, is higher than that of the two neighbouring points, and therefore should
disproportionate. However, the voltage difference is only 0.02 eV relative to the previous data point,
which is close to the numerical precision, let alone the accuracy of the results. Furthermore, it indicates
that investigation of many more intermediate compositions would ideally be required in this region in
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order to obtain more precise averages with respect to lithium composition. Although there is some
uncertainity, the observation of an initial higher voltage plateau, followed by a lower voltage region is
consistent with the calculated behaviour of other lithium battery materials, including previous first
principles studies of rutile and anatase.’?? Indeed, the voltage curve for TiO,-B closely resembles that
of rutile, as calculated by Koudriachova et al. The decrease in voltage around the lithium fraction of
1/16 corresponds to the point where the population of the less favourable A-sites begins and lithium-
lithium interactions become more significant. The initial computed voltage for low concentrations of
lithium is comparable to the open circuit voltage of 2.55V observed experimentally®, though as

expected the GGA calculation underestimates this quantity.
Conclusions

In the present study of TiO,-B we have examined the intercalation of lithium over a range of
compositions. Towards the dilute limit there are three distinct symmetry unique sites that emerge. The
most stable location for the incorporation of lithium in the absence of lithium-lithium interactions is
within the interlamellar region between successive sheets of octahedral titania, but closely coordinated
by the oxygen atoms that connect the sheets. In contrast, the more favourable pathway for diffusion lies
close to the centre of the more open channel structure, parallel to the b axis of the material in accord
with experimental observation. In combination, these two results suggest a reason for the initial need to
activate the TiO,-B in that the lithium has to be promoted from the thermodynamically favoured site to
the one in the centre of the channel from where it can rapidly diffuse. This prediction appears to be
consistent with present observations regarding the electrochemical behaviour of this polymorph of
titania. As the concentration of lithium increases, lithium is forced to populate the least intrinsically
stable sites, adjacent to the octahedral layers, in order to mininise the cation-cation interactions. This
leads to a drop in the voltage for the material and would lower the mobility of lithium with respect to
intercalation. Further work is required to examine the differences in the properties of bulk TiO,-B, as

examined in the present work, and nanostructured form of this material.
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Table 1. Energy of lithium incorporation into TiO,-B for the three distinct sites, A, B and C. Both the
absolute internal energy for the process, as well as the relative energy as compared to the most stable
site, are given for the stoichiometry of LiysTiO,-B.

Site U Intercalation (eV) AU (kJ/mOl)

(A) -3.436 325
(B) -3.678 9.08
() -3.772 0.00
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Table 2. Summary of the calculated activation energy barriers (AU) for diffusion along pathways
parallel to each crystallographic axis. Here the labels for the sites can be found in Figures 3a-c for the

directions parallel to a, b, and c, respectively, while the arrows indicate the direction of diffusion for
which the barrier occurs.

Direction Sites AU (kJ/mol)

a B—C; 12.2
B—-C; 3.1

Ci1 (G, 96.9

b B1 < B> 27.0

c B—A; 37.6
B—A; 14.2

A - Ay 36.4
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Figure Captions:

Figure 1. Bulk TiO,-B structure. The unit cell is surrounded by the solid black line, while further
images are included to highlight the connectivity across cell boundaries. The structure exhibits open
channels perpendicular to the (010) face. Oxygen and titanium atoms are drawn in red and green,

respectively.

Figure 2. The predicted lithium ion intercalation sites, A, B, and C, in the TiO,-B lattice for
Li1sgTiO,-B stoichiometry. The three distinct sites are illustrated in separate figures labeled according
to the site type. Here the structure is viewed along the b-axis with the direction of the other axes
indicated in the figures. Lithium, oxygen and titanium atoms are marked in blue, red and green,
respectively. The annotated numbers correspond to the oxygen atoms closest the lithium ion, which is
also identifiable through the lack of bonds depicted.

Figure 3. Lithium diffusion pathways within Liy4sTiO2-B. (a) Two stage diffusion pathway along a
direction, involving migration from B to C1 and C1 to C2. (b) The main diffusion pathway along b
direction between two consecutive B sites. (c) Two stage diffusion pathway along c direction,
involving B to Al and Al to A2. The symmetry related path on the other side of B is also illustrated to
indicate the complete diffusion process in the c¢ direction. Lithium, oxygen and titanium atoms are

shown in blue, red and green, respectively.

Figure 4. Potential energy surfaces for lithium migration through LiysTiO2-B leading to diffusion
parallel to the crystallographic a axis. (a) The energies for diffusion along the C B pathway . (b)
The energies for diffusion along the C1»> C2 pathway. Energy surfaces are obtained relative to the

minimum energy configuration.

Figure 5. Potential energy surfaces for lithium migration through LiyssTiO2-B leading to diffusion
parallel to the crystallographic b axis. It shows the computed energies for diffusion along the B1— B2

pathway (squares). An equivalent energy surface for B1 «— B2 pathway (triangles) is also presented.

Figure 6. Potential energy surfaces for lithium migration through LiyssTiO2-B leading to diffusion
parallel to the crystallographic ¢ axis. (a) The computed relative energy for diffusion along the B— A1l
pathway. (b) The computed relative energy for diffusion along the A1 — A2 pathway.

Figure 7. The average intercalation voltage curve for LixTiO,-B computed based on intercalation
energies for lithium concentrations between x = 0 and 1/2. Crosses represent the data points, while the

line is included only as a guide.
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