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Abstract  
 

The ceramic membranes with excellent oxygen ionic conductivity have shown great 

potential in gas separation, especially oxygen separation, clean energy delivery such as 

oxyfuel combustion, integrated gasification combined cycle (IGCC) plant and catalytic 

membrane reactors. In oxyfuel combustion and clean coal energy delivery, CO2-

resistant membrane materials enable direct oxygen separation from air (feed side) to 

the recirculated flue gas (permeate side) that contains mostly CO2. In catalytic 

membrane reactors, CO2-resistant membrane materials allow the reactor to be operated 

for thousands of hours in CO2 containing atmosphere. In solid oxide fuel cells, CO2-

resistant MIEC materials allow single chamber operation for more portable applications. 

Therefore, it is obvious that CO2-resistance is the most essential issue in developing 

novel ceramic membranes for practical applications. The overall aim of this thesis is to 

study and develop novel CO2-resistant ceramic membranes for oxygen separation under 

CO2 atmosphere. It is believed that if the CO2-resistant ceramic membranes can exhibit 

excellent oxygen permeability under CO2-containing atmosphere, they will have the 

potential to be applied further for clean energy delivery.  

Fluorite materials, despite their inherent CO2 resistance, typically have low O2 

permeability but can be improved via different approaches such as thin film technology 

and the recently developed minimum internal electronic short-circuit second phase and 

external electronic short-circuit decoration. In this thesis, we explored the use of 

different external electronic short-circuit decoration on the surface of the gadolinium 

doped ceria (GDC) membrane. The external electronic short-circuit concept has been 

proved its feasibility by decorating silver or platinum paste on the fluorite membrane 

surface in previous research. Herein, we first investigated to apply perovskite oxide 

instead of silver or platinum as the external electronic short-circuit decoration on a GDC 

membrane. The membrane coated with perovskite oxide improved the flux of oxygen 

compared with the membranes coated with pure Ag. The maximum oxygen flux 

reached 0.13 mL min-1 cm-2 at 850 °C for a GDC membrane with thickness of 0.8 mm. 

The membrane with the perovskite oxide decoration on the feed side and an Ag coating 

exposed to a CO2-containing sweep side was stable during a long-term permeation test, 

indicating that this design is suitable for clean energy delivery such as the oxyfuel 

combustion. In this case, we explained the improvement in oxygen flux using a triple-
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phase boundary theory. 

Furthermore, inspired by the triple-phase boundary theory, we developed dual-

phase surface decoration to simultaneously provide external electronic short-circuit and 

create more triple-phase boundary area on the membrane surface. A dual-phase mixture 

of GDC (50 wt.%)–Ag (50 wt.%) was applied as the surface decoration on a GDC 

membrane. Such design not only improved the oxygen flux by providing more triple-

phase boundary area for oxygen exchange reaction, but also reduced the cost by using 

less Ag. The maximum oxygen flux 0.128 mL min-1 cm-2 was obtained for a 1-mm 

thick GDC membrane at 850 °C. The as-decorated GDC membrane retained a stable 

flux for at least 130 h under CO2-containing atmosphere. 

To further explore the use of fluorite oxide as CO2-resistant membrane, we 

investigated to mix GDC with a minor amount (≤ 5mol.%) of transition metal oxide 

(Co-O, Fe-O and Cu-O). Generally, the addition of transition metal oxide in fluorite 

oxide can reduce the sintering temperature of the membranes, which is known as the 

sintering aid. Moreover, the sintering aid improves the electronic conductivity of 

fluorite ceramic membranes as well as enabling their use as CO2-resistant membranes 

without any electronic conducting phase or external short-circuit decoration. Oxygen 

permeation test clearly proved that with 2 mol.% Co sintering aid in the GDC 

membrane, the oxygen flux boosted twice compared with pure GDC. The electronic 

conductivity improved up to 3.5 times at 900 °C, as calculated from a modified EMF 

method. The stable oxygen flux achieved during the long-term oxygen permeation test 

using 100% CO2 as the sweep gas demonstrates the potential of the prepared membrane 

to realize clean energy delivery.  

In addition to robust fluorite oxide membranes, cobalt-free perovskite oxides 

are an alternative to CO2-resistant membranes. We synthesized the cobalt-free SrFeO3-

δ (SF) with tantalum (Ta) dopant and studied its enhanced CO2-resistance. It was found 

that a minor amount of Ta doping (SrFe0.95Ta0.05O3-δ) induced the phase transition from 

orthorhombic to cubic perovskite. The better CO2-resistance of Ta-doped SF originated 

from the higher binding energy of lattice oxygen (O1s) in contrast to the undoped SF 

compound. At 950 °C, a 1.0 mm-thick SrFe0.95Ta0.05O3-δ membrane showed a stable 

oxygen flux of 0.85 mL min–1 cm–2 when exposed to CO2-containing atmosphere. The 

Ta-doped SF demonstrated its potential for applications in gas separation, and clean 

energy delivery such as oxyfuel combustion and membrane reactor for chemical 

synthesis. 
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The thesis presents and discusses several methods to fabricate CO2-resistant 

membranes that will be potentially applied in gas separation and clean energy delivery. 

It provides general knowledge on CO2-resistance mechanisms, material selection and 

future direction for design of CO2-resistant membranes. 
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Chapter 1: Introduction 

1.1 Background 

The continual growth of fossil fuels combustion leads to the increase of global CO2 

emission, which has become a severe environmental threat to human society. The CO2 

concentration in atmosphere has been increased by 19 % from 315 ppm in 1958 to 380 

ppm in 2016.1 One of the approaches to decrease CO2 emission is oxyfuel combustion 

technology. Oxyfuel combustion delivers clean energy from combusting fossil fuels 

using pure O2 or O2/CO2 mixtures instead of air. This process generates N2-absent flue 

gas, which allows the highly concentrated CO2 in the flue gas to be captured, 

compressed and separated easily.1 The O2 required in oxyfuel system is generally 

supplied from oxygen production plants. However, traditional oxygen production 

technology such as cryogenic distillation is costly and accounts for almost half of the 

overall CO2 capture cost.2 Oxygen permeation from an ionic transport membrane (ITM) 

can be a cost-effective alternative approach to supply oxygen to oxyfuel systems. 

However, additional devices such as an oxygen compressor are still required resulting 

in extra capital investment. Instead of simply supplying O2 into the oxyfuel systems, a 

combination of ITM with combustion system is a more cost- and energy-effective 

choice.�In such a system, the assembled ITM in the air separation unit would enable 

oxygen permeation from air in the feed side directly into the flue gas (containing mostly 

CO2) on the permeate side.  

Within the oxyfuel combustion context, the direct contact of highly 

concentrated CO2 with membranes requires excellent CO2-resistance of the ITM. In 

addition to oxyfuel combustion, other applications such as membrane reactors for green 

chemical synthesis3-7 and single-chamber solid oxide fuel cells8-10 represents other areas 

using CO2-resistant membranes. In the green chemical synthesis area, CO2, CO, H2 and 

CH4 are inevitably involved, requiring the membranes to be tolerant against CO2. The 

single-chamber solid oxide fuel cells require the anode and cathode assembled in a 

single gas chamber, where the presence of CO2 is unavoidable. Thus CO2-resistance 

membrane materials are urgently required to ensure the stable operation of the fuel cells.  

The development of CO2-resistant oxygen-selective MIEC membranes is based 

on the two most promising materials, i.e., perovskite and dual-phase materials. The 

CO2-resistant perovskite materials have three major features: (1) rare earth metal in A-
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site cation; (2) minor amount of cobalt in B-site cation; (3) partial substitution of 

original B-site metal with more stable (high valence state and high acidity) transition 

metals.11 The CO2-resistant dual-phase membranes contain one chemical stable fluorite 

phase to conduct oxygen ions and one electronic conducting phase. The fluorite oxide 

generally features in low electronic conductivity, which can be overcome through 

mixing with one electronic conducting phase, or by using internal/external electronic 

short-circuit design. Numerous studies have been carried out to address these CO2-

resistant membrane concepts. For example, major efforts have been made to reveal the 

approaches and mechanisms to enhance the CO2-resistance of perovskite membranes.11-

14 Our group has carried out several research projects on using internal/external 

electronic short-circuits on fluorite membranes.15-17 Despite the great improvements 

demonstrated within the last decades, there are still undiscovered areas and 

opportunities to be pursued. These areas inspire the research objectives of this thesis.  

 

1.2 Objectives  

�

The major objective of this thesis is to develop novel CO2-resistant membranes for gas 

separation and clean energy delivery. Ceramic membranes with high oxygen 

permeability and excellent stability in CO2-containing atmosphere are investigated. To 

this end, following studies have been included: 

1. Summarizing the current research status of CO2-resistant oxygen-selective 

ceramic membranes. 

2. Developing gadolinium doped ceria (GDC) membranes with single perovskite 

decorations to form external short-circuit to realize enhanced oxygen 

permeation flux and CO2-resistance.  

3. Exploring dual-phase surface decoration on GDC membranes to further 

demonstrate the applicability of the external short-circuit concept. 

4. Using a transition metal sintering aid in GDC membranes to enhance the oxygen 

permeability and decrease the sintering temperature of GDC.  

5. Applying tantalum doping into cobalt-free SrFeO3-δ membranes and probing the 

CO2-resistance enhancement mechanism of tantalum doping, through the 

chemistry perspective.  
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1.3 Thesis outline 
�

This thesis consists of seven chapters.  The first chapter is the introduction and the 

thesis outline. Chapter 2 summarizes the recent literature related to the topic of this 

thesis. Chapters 3-6 are the results and discussions of the experimental studies, which 

have been published or will be submitted for publication. The conclusions of this thesis 

as well as future directions are presented in Chapter 7. 

Chapter 1: Introduction 

This section explains the significance of CO2-resistant oxygen-selective mixed ionic-

electronic conducting (MIEC) membrane technology and justifies the need for further 

development in this topic. This chapter also lists the objectives and outline of this thesis. 

Chapter 2: Literature review 

This chapter presents an overall review and understanding of the reported CO2-resistant 

membrane materials for the last two decades, and searches out a reliable strategy to 

further design new stable oxygen selective membranes with improved performance. 

This literature review will feature such underlying guidelines and relate them to the 

state of the art in the field. 

Chapter 3: Ce0.9Gd0.1O2-δ membrane coated with porous Ba0.5Sr0.5Co0.8Fe0.2O3-δ for 

oxygen separation 

A perovskite-structured Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) oxide is decorated onto a 

Ce0.9Gd0.1O2-δ (GDC) membrane surface to form an external electronic short-circuit.  

The oxygen permeation behavior of as-prepared GDC membranes is compared with 

those decorated with silver paste. The GDC membrane with BSCF decorated on feed 

side and silver paste decorated on sweep side is demonstrated to be CO2-resistant, 

proving its potential for clean energy applications. 

Chapter 4: Oxygen permeation behavior through Ce0.9Gd0.1O2-δ membranes 

electronically short-circuited by dual-phase Ce0.9Gd0.1O2-δ-Ag decoration 

The chapter continues the study of an external short-circuit on GDC membranes. 

Instead of using perovskite oxide or pure silver paste decorations, this study tries to use 

dual-phase GDC-Ag decoration on GDC bulk membranes. Such a method not only 

forms an electronic conducting path over the GDC membrane, but also provides more 

triple-phase boundary areas to enhance the O2 surface exchange rate.  
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Chapter 5: Enhanced oxygen permeability and electronic conductivity of 

Ce0.8Gd0.2O2-δ membrane via the addition of transition metal oxide sintering aids 

This chapter presents another approach to apply GDC as a CO2-resistant membrane by 

using a sintering aid. In this work, we use a transition metal (Co, Fe and Cu) oxide as 

sintering aids in fluorite Ce0.8Gd0.2O2-δ (GDC) to improve the electronic conductivity 

and sinterability. GDC with 2 mol.% Co is found to be the most effective sintering aid 

through oxygen permeation tests and the modified EMF method.  

Chapter 6: Enhanced CO2 resistance for robust oxygen separation through Ta-doped 

SrFeO3-δ membranes 

The chapter describes another material choice of fabricating CO2-resistant oxygen-

selective membranes. It is demonstrated that by doping Ta into SrFeO3-δ (e.g. 

SrFe0.95Ta0.05O3-δ), the CO2-resistance is enhanced due to the lower basicity and higher 

binding energy of lattice oxygen (O1s). The Ta-doped SrFeO3-δ membrane enables its 

application in the oxyfuel process to deliver clean energy.  

Chapter 7: Conclusions and perspectives 

The chapter summarizes the achievements of this thesis and it also gives the future 

directions for this area. 

�
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Chapter 2: Literature Review 

 
Abstract 
�

CO2 resistance is an enabling property for the wide scale implementation of oxygen-

selective mixed ionic-electronic conducting (MIEC) membrane in clean energy 

technologies, i.e., oxyfuel combustion, clean coal energy delivery, and catalytic 

membrane reactors for greener chemical synthesis. The significant rise in the number 

of works over the past decade and the major progress in CO2-resistant MIEC materials 

warrant the systematic guidelines on this topic. To this end, this review features the 

pertaining aspects in addition to the recent status and advances of the two most 

promising membrane materials, i.e., perovskite and fluorite-based dual-phase materials. 

We explain how to quantify and design CO2 resistant membranes using Lewis acid-

base reaction concept and thermodynamics perspective and highlight the relevant 

characterization techniques. For perovskite materials, a trade-off generally exists 

between CO2 resistance and O2 permeability. Fluorite materials, despite their inherent 

CO2 resistance, typically have low O2 permeability but can be improved via different 

approaches such as thin film technology and the recently developed minimum internal 

electronic short-circuit second phase and external electronic short-circuit decoration. 

We then elaborate the two main future directions that are centralized around the 

development of new oxide compositions capable of featuring simultaneously high CO2 

resistance and O2 permeability and the exploitation of phase reaction to create new 

conductive phase along the grain boundaries of dual-phase materials. The final part of 

the review discusses various complimentary characterization techniques and the 

relevant works that can provide insights into the degradation mechanism of oxide-based 

materials upon exposure to CO2. 

 

 
2.1 Background 
�

The perpetual growth of energy demand leads to the continual consumption of fossil 
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fuels which is projected to increase by ~27 % over the 24 year-period, leading to the 

parallel increase in United States CO2 emission from 6000 million tons per year (in 

2006) to 8000 million tons per year (by 2030) according to the Energy Information 

Administration (EIA) within United States Department of Energy (U.S. D.O.E.).1 

Hydrocarbons in particular will still form a substantial part of the fuel to supply more 

than 60 % of the world’s energy demand over the next 20 years.2 These would 

contribute to the significant increase of anthropogenic carbon dioxide (CO2) emission. 

The global atmospheric CO2 concentration itself has increased from about 315 ppm (in 

1958) to 375 ppm (at the end of 2005).3 

 One of the potential approaches is oxyfuel technology, primarily on pulverized 

coal combustion in a CO2/O2 atmosphere which offers facile CO2 recovery, low NOx 

emissions, and high desulfurization efficiency. There are several different oxyfuel 

power cycles, e.g., advanced zero-emission power plant (AZEPP), Graz and water cycle, 

MATIANT and Feher supercritical CO2 cycles, zero-emission power plant (ZEPP), 

zero-emission ITM oxyfuel plant, etc; the details of which can be found in another 

review paper.2 In oxyfuel process, fuel (e.g., coal, oil, gas and other hydrocarbons) is 

burned in a mixture of oxygen and recirculated flue gas (which comprise mainly of CO2 

and water vapor as well as traces of N2, O2, SO2 and NOx).3 This is since fuel 

combustion using pure O2 leads to extremely high combustion temperature.2 The 

boilers in the currently existing power plants can be retrofitted to oxyfuel configuration 

given the matching between their maximum temperature ranges which would not 

otherwise be possible in the case of combustion using pure O2. Furthermore, the 

absence of nitrogen in the flue gas allows easy processing of CO2, i.e., its purification 

up to 96-99 % which can then be compressed and condensed into liquid CO2 for 

sequestration or use in other processes.3 The required oxygen can be supplied by 

cryogenic distillation or ceramic-based ionic transport membrane; both of which will 

incur extra energy and capital penalties from additional devices such as compressor 

relative to the conventional air-fired power plant. 

 The latter technology, specifically known as oxygen ionic transport membrane 

(ITM), has rapidly become one of the key technologies within clean combustion based 

energy generation as demonstrated by substantial investment from developed countries 

such as US$90 million from Department of Energy on Ionic Transport Membrane 

Oxygen Development Program in U.S. and OXYCOAL-AC in Germany.3,4 Compared 

to cryogenic process, ITM technology provides up to 48 % capital saving and up to 69 % 
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power saving for applications such as integrated gasification combined cycle (IGCC), 

decarbonized fuel, enrichment, oxyfuel, and gas to liquid.3 For oxyfuel process, ITM, 

due to its reduced auxiliary power requirement, is more efficient in terms of cost and 

energy. Moreover, if good combustion performance can be achieved at low oxygen 

concentrations in CO2/O2 mixture, the capital and operational costs of ITM based 

oxyfuel plant can be reduced further.3 Within the oxyfuel context, the availability of 

CO2-resistant membrane materials would enable oxygen separation from air in the feed 

side of air separation unit directly into the recirculated flue gas (which contains mostly 

CO2) on the other side. This would simplify the configuration and provide lower 

demand on membrane area as well as higher thermal efficiency relative to the case 

where direct contact between membrane and CO2 is not allowed.5 

Another important application for CO2-resistant membrane lies in the area of 

membrane reactor for greener chemical synthesis, including partial oxidation of 

methane (CH4) to syngas (H2 and CO), oxidative coupling of CH4 to C2 (ethylene 

and/or ethane), oxidative dehydrogenation of light alkanes to olefins, CO2 thermal 

conversion to CO and water splitting to hydrogen (H2).6-10  In these important reactions, 

CO2, H2, and CH4 are inevitably involved as the feed or product gases, requiring the 

membrane to be at least CO2-tolerant. The best performance of such membrane reactor 

needs the matched properties of oxygen flux and catalytic efficiency to consume the 

permeated oxygen. The intermediate value of oxygen flux for CO2-resistant membranes 

also perfectly fits within the membrane reactors context to optimize the product yields; 

since otherwise, too high oxygen concentration in the permeate side will highly oxidize 

the products; leading to low product selectivity. Single-chamber solid oxide fuel cells 

(SC-SOFC) represents another application area using CO2-resistant membranes. In the 

SC-SOFC system, the anode and cathode are assembled in one gas chamber filled with 

fuel, oxidant gases, and reaction products. The presence of CO2 is unavoidable in SC-

SOFC reaction product stream, thus CO2-resistant electrode materials are required in 

this fuel cell system.11-14 

 The emerging hundreds of publications on ITM topic highlights substantial 

interest on this technology which has manifested into several excellent review papers 

that cover the background, related technologies and applications, materials structures 

and compositions, transport mechanisms and theories, materials synthesis and 

characterization, oxygen permeation performances overviews, and/or future 

directions.6,9,10,15-19 Zhang et al., for example, overview the structure of perovskite-
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related compounds, the oxygen permeation rate determining factors, and the materials 

selection guidelines.16 Sunarso et al. provide comprehensive account on all aspects of 

mixed ionic-electronic conducting (MIEC) ceramic-based membranes with emphasis 

on the fluorite and perovskite-based structures, defect theory, transport mechanisms, 

and preparation methods.15 Still, CO2 resistance aspect of ITM technology has been 

rather overlooked despite its significance to realize the wide applications of this 

technology within oxyfuel combustion, clean coal energy delivery, and catalytic 

membrane reactors. This review thus aims to address this gap by featuring the current 

status and advances on CO2-resistant MIEC membranes as well as the underlying 

concepts and approaches. The emphasis has been placed on perovskite and dual-phase 

materials. The review is outlined into five sections. This first section justifies the 

technology significance and its context. The second section features the pertaining 

aspects to develop CO2-resistant MIEC membranes according to four major categories, 

i.e., perovskite materials, dual-phase materials, other materials, and engineering 

approaches. The third section provides comparative insights into the performances of 

perovskite and dual-phase membranes. The fourth section, in turn, overviews the two 

latest directions for the development of CO2-resistant MIEC membranes. Finally, the 

fifth section discusses the membrane degradation behavior in CO2 atmosphere, mostly 

for the CO2-prone perovskite materials. 

 

2.2 CO2-resistant oxygen-selective mixed ionic-electronic conducting 

membranes: materials perspective 
�

Perovskite compounds have drawn major attention for application as mixed ionic-

electronic conducting (MIEC) membranes due to their high oxygen flux determined by 

their inherently high ionic/electronic conductivities and surface oxygen exchange 

reaction kinetics. Perovskite MIEC compounds generally have overwhelming higher 

electronic conductivity than the ionic conductivity. Compared to perovskite, fluorite 

materials have lower ionic conductivity and substantially lower electronic conductivity 

but possess high chemical stability to tolerate these acidic or reducing gases. Thereby, 

fluorite material is usually designed as the novel robust membranes but accompanied 

with the second electronic conducting phase to compensate its low electronic 

conductivity limitation. The properties difference between these compounds can be 
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understood by inspecting their specific structures as schematized in Figure 2.1. 

 

2.2.1 Perovskite materials 

�

2.2.1.1 Structure and basic concepts 

�

 
Figure 2.1 Ideal structure and the packing arrangement for: (a, b) perovskite ABO3 compounds 

represented by SrTiO3 (Green atoms – A (Sr), Light blue atoms – B (Ti), Red atoms – O (O)); 

and (c, d) fluorite AO2 compounds represented by CaF2 (Blue atoms – A (Ca), Grey atoms – O 

(F)). 

 

Figure 2.1(a) and (b) depicts the ideal perovskite structure and its packing arrangement. 

Perovskite compounds are defined as those having ABO3 formula. A and B here are 

two different metal cations with different size. Size limitation dictates the ionic radius 

range of A and B where generally A cation and B cation have ionic radius between 1.1-

1.8 Å and 0.62-1 Å, respectively.20 As such, A-site cation is normally from lanthanides, 

e.g., Gd, Pr, and La or alkaline earth metals, e.g., Sr and Ba while B-site cation can be 

transition metals, e.g., Mn, Co, Fe, Cr and Zn or non-transition metals, e.g., Al, Sn and 

Ga.15 SrTiO3 serves as the typical example. Perovskite structure consists essentially of 

a framework of corner-shared BO6 octahedra where a large A cation sits in a cavity 
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between octahedra.21 Each B cation is coordinated by 6 O anions creating 6 equidistant 

B-O bonds while each A cation is coordinated by 12 O anions creating 12 equidistant 

A-O bonds. A and B cations may have different oxidation state as represented by the 

formula of A2+B4+O3 or A1+B5+O3 or A3+B3+O3. 

 The framework dimensions are fixed by the B-O bond length which in order for 

the cube shown in Figure 2.1(a) to form, the cube edge should be equal to twice the 

sum of ionic radius of B cation and O anion while the face diagonal should be equal to 

twice the sum of ionic radius of A cation and O anion; assuming that A cation is in 

complete contact with all its neighboring ions. By using Pythagorean theorem, it 

becomes apparent that: 

 

!" + !$
% = 2 !( + !$

%       (Eq. 2.1) 

 

!" + !$ = 2 !( + !$        (Eq. 2.2) 

 

1 =
*+,*-

%(*/,*-)
         (Eq. 2.3) 

 

1 =
*+,*-

%(*/,*-)
         (Eq. 2.4) 

 

 Therefore, Eq. (2.3) determines the relationship between the ionic radius values 

for A, B and O. The ratio of the sum of ionic radius of A and O to root square of 2 

multiplied by the sum of ionic radius of B and O should ideally be equal to 1 for the 

cubic structure to form. This ratio was generalized as Goldschmidt tolerance factor (Eq. 

(2.4)), a simple predictor variable which have been widely used to design specific 

perovskite structure from numerous metal components.21,22 The empirical ionic radius 

values for various metal cations have been listed by Shannon.23 

 Most perovskite compounds actually exist in their “non-stoichiometric” 

analogues, i.e., as ABO3-δ compounds where some oxygen anions are missing from the 

lattice. The d here represents the non-stoichiometry parameter created upon 

incorporating A and B cations with total oxidation state of less than 6, e.g., 5 from A2+ 

and B3+ or A1+ and B4+. In fact, the presence of such “oxygen vacancies” defects is 

beneficial to provide a pathway for conductivity of oxygen ion (for oxygen ions 

hopping from one empty site to another empty site) and is the primary contributing 
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factor for the oxygen ionic conductivity. Moreover, the electronic conductivity can also 

be created in perovskite by choosing transition metals as the B-site metal component. 

It is well-known that transition metals can afford more than one oxidation state during 

reduction and oxidation reaction. Oxygen vacancies are often formed at increasing 

temperatures in conjunction with the reduction of transition metal components which 

are simultaneously accompanied by electron transfer reactions.24,25 The presence of this 

simultaneous ionic and electronic conductivity characterizes its “mixed ionic-electronic 

conducting” definition.15 

 Another main advantage of using perovskite MIEC is its capability to host 

different metal oxides as represented by A1-x-yA’xA’’yB1-x-yB’xB’’yO3-δ. To this end, the 

structure and properties of the resultant perovskite can be tuned by tailing compositions 

to fit particular applications, e.g., high ionic conductivity, electronic conductivity or 

catalytic activity. As an example, if electronic conductivity is not required, non-

transition metal such as Ga can be incorporated into the B-site. Such perovskite 

compound, e.g., LaGaO3 serves as an excellent ionic conductor.26 

 

2.2.1.2 Quantifying the extent of reaction with CO2 

�

Highly permeable oxygen-selective MIEC perovskite materials normally have alkaline 

earth metal constituents in their A-site which readily react with acidic CO2. In the 

perspective of obtaining larger lattice size and higher oxygen permeability, Ba that has 

a large ionic radius of 1.61 Å (at coordination number of 12) becomes an attractive A-

site component.23 CO2 exposure on such alkaline earth metal containing perovskite 

generally leads to the deterioration of the original structure and the resultant 

degradation of the oxygen permeation performance. For example, the O2 flux of 

Ba0.5Sr0.5Co0.8Fe0.2O3-δ membrane, when exposed to CO2, decreases to zero rapidly, i.e., 

within several minutes.27-29 Identical degradation was also observed on 

BaCo0.4Fe0.4Nb0.2O3-δ membrane during exposure to CO2.30 Post characterization of 

CO2-exposed membrane has been used to evaluate the extent of the structure 

decomposition which will be elaborated in more detail in the last section. Generally, 

the decomposed part on the surface is comprised of a carbonate layer and a decomposed 

zone.27,29 
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2.2.1.2.1 Thermodynamics perspective 

�

The susceptibility of perovskite oxide to form carbonates upon contact with CO2 can 

be assessed from thermodynamics point of view. Perovskite oxide, i.e., ABO3 can be 

considered as one among many possible phases in the binary mixture of AO-BO2.31 Its 

interaction and equilibrium with the gaseous species like CO2 can be determined using 

thermodynamics relationship. To simplify, the oxygen nonstoichiometry (δ) of 

perovskite oxide is normally assumed to be negligible so that the effect of oxygen 

partial pressure can be neglected. The formation of different intermediate phases at  

 

 
Figure 2.2 Stability diagrams for SrO-TiO2-CO2 system at (a) 500 K and (b) 773 K; Stability 

diagrams for (c) CaO-TiO2-CO2 system at 500 K and (d) BaO-TiO2-CO2 system at 773 K; (e) 

Lower and upper tolerance limits for alkaline earth titanates; and (f) Relative gains in CO2 

resistance for titanium and zirconium-based perovskites (Reproduced from ref. 31 with 

permission from Elsevier). 

 

different ratio of AO to BO2 depends on the reaction between AO and BO2 and 

eventually, the activity ratio of AO to BO2. In the presence of CO2, another variable, 

i.e., CO2 partial pressure comes into play. For example, for the binary system of SrO-

TiO2, the stability diagram of SrO-TiO2-CO2 can be developed which correlates 

different phases as a function of the activity ratio of SrO to TiO2 and CO2 partial 
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pressure as illustrated in Figure 2.2(a) and (b). The detailed calculations to generate 

such stability diagrams will not be discussed here since it is available on the work of 

Frade and co-workers and Yokokawa et al..31-33 

 The stability diagrams are useful to determine the tolerance range to CO2 as well 

as to compare the stability between different perovskite oxides.31 Figure 2.2(a) for 

example shows that at 500 K (227 oC), SrTiO3 is more stable to carbonation relative to 

SrO since SrCO3 is formed from reaction with SrTiO3 at higher CO2 partial pressure. It 

is worth noting that the presence of excess TiO2 actually increases the stability of 

SrTiO3 (Figure 2.2(a)). Within this context, the composition (its heterogeneity) may 

have substantial effect on the CO2 tolerance; the variation of which can be minimized 

using solution route rather than solid-state route which requires a higher temperature 

for a prolonged sintering time. Upon comparing Figure 2.2(a) and (c), it becomes clear 

that at 500 K, CaTiO3 is more stable than SrTiO3 given the higher low and high pressure 

(PL and PH) for CaCO3 formation from CaTiO3 (relative to SrTiO3 case). Likewise, 

SrTiO3 is more stable than BaTiO3 at 773 K (500 oC) when comparing Figure 2.2(b) 

and (d). The low and high pressure limits for particular carbonate formation can also 

be summarized to correlate these limits with the temperature as shown in Figure 2.2(e) 

for different titanium-based perovskite oxides. Furthermore, the relative gains in CO2 

resistance of ABO3 perovskite oxide with respect to the AO metal oxide appear to be 

connected to the Goldschmidt tolerance factor with higher factor favors higher 

resistance (Figure 2.2(f)).31 The correlation between relative gains and tolerance factor 

for titanium based perovskite oxides implies general validity of the plot given the clear 

established trend between the experimental points and regression line (Figure 2.2(f)). 

If such relationship indeed exists and is extendable to every other perovskite oxide 

system, stability can be predicted using such plot for those systems where the 

thermodynamics data are absent.  

 The stabilization energy of the perovskite oxides may also be taken into 

consideration to analyze the carbonate formation tendency.34 The stabilization energy 

of perovskite oxides is defined as the enthalpy change for perovskite formation from 

the constituent oxides (AO and BO2), which can be written as: 

 

2 3456 = ∆89
: 3456 − ∆89

: 35< + ∆89
: 45=   (Eq. 2.5) 

 



15 
�

The chemical stability of the perovskite oxides against reactions with a particular 

chemical constituent such as CO2 is associated with the stabilization energy of the 

perovskites from their constituent oxides (AO and BO2). Moreover, the stabilization 

energy correlates with the Goldschmidt tolerance factor t with the ideal t value (t =1) 

indicates the highest stabilization, while smaller t (t < 1) leads to lower stability.33,35,36 

A typical ABO3 perovskite reacts with CO2 to form ACO3 as follows: 

3456 + >5% ⇌ 3>56 + 45%       (Eq. 2.6) 

The reaction can be resolved into the following two reactions energetically: 

3456 ⇌ 35 + 45%        (Eq. 2.7) 

35 + >5% ⇌ 3>56        (Eq. 2.8) 

 

 
Figure 2.3 Gibbs energy change for carbonate formation for (a) strontium-based perovskites; 

and (b) barium-based perovskites; 1. AO + CO2 (g) = ACO3; 2. ACeO3 + CO2 (g) = ACO3 + 

CeO2; 3. AZrO3 + CO2 (g) = ACO3 + ZrO2; 4. ATiO3 + CO2 (g) = ACO3 + TiO2 (A = Sr or Ba) 

(Reproduced from ref. 34 with permission from Elsevier). 

 

Figure 2.3 displays the Gibbs energy change for carbonate formation for some 

typical strontium and barium perovskite oxides. For each oxide, the stability against 

carbonate formation is a function of temperatures. With decreasing temperature, the 

Gibbs energy change becomes lower, indicating stronger tendency to form carbonates.  
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Figure 2.4 Ellingham diagrams for carbonates decomposition at different CO2 partial pressure; 

(a) Li2CO3, Na2CO3, K2CO3 and Cs2CO3; (b) MgCO3, CaCO3, SrCO3 and BaCO3; (c) NiCO3, 

ZnCO3, FeCO3, CoCO3, Ag2CO3 and MnCO3; and (d) La2(CO3)3, La2O2CO3 and Pr2O2CO3 The 

dashed lines represent the chemical potential of CO2 at a particular CO2 partial pressure while 

the bold continuous lines represent the chemical potential of CO2 for decomposition of a 

particular carbonate; both are functions of temperature (Figure 2.4(a), (b), and (c) were 

replotted based on the Ellingham diagrams from ref. 39-42; The thermodynamic data are taken 

from ref. 43; Figure 2.4(d) was reproduced from ref. 42 with permission from Elsevier). 

 

For strontium and barium perovskite oxides, the stabilization energy increases 

(becomes negatively larger) with decreasing B4+ ion radius (0.87 Å > 0.72 Å > 0.605 Å 

for Ce, Zr, and Ti, respectively); manifesting into higher Gibbs energy change and 

lower tendency for carbonate formation.23,34 The stability of the perovskite oxides was 

mainly determined by the less stable metal oxide constituent like SrO in the Sr-doped 

lanthanum perovskite oxide.33 Comparing strontium and barium, although the tendency 

of carbonate formation is stronger for barium oxide, the stabilization energy of barium 

perovskite is (negatively) larger, resulting in the relatively similar stability against 

carbonate formation for strontium and barium perovskites.34 This theory was 
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summarized and discussed in Martynczuk’s paper.37 This stabilization energy concept 

was applied by Klande et al. to explain the better CO2 stability of La0.6Sr0.4Co0.8Fe0.2O3-

δ compared with SrCo0.8Fe0.2O3-δ.38 They have proposed that the perovskite stabilization 

energies increase with increasing lanthanum content, leading to the higher stabilization 

effect for La0.6Sr0.4Co0.8Fe0.2O3-δ compared to SrCo0.8Fe0.2O3-δ, which prohibits 

reactions on Eq. (2.7) and (2.8). It is worth noting that the stabilization energy is just 

one of the possible aspects affecting the stability of perovskite against CO2. Other 

parameters may need to be accounted for. 

 Another popular way is to estimate CO2 resistance of a perovskite oxide based 

on its carbonate formation at a specific temperature and CO2 partial pressure.39-42 

Figure 2.4(a), (b), (c) and (d) represent the typical Ellingham diagrams for evaluation 

of carbonates formation. Ellingham diagram has been utilized and disseminated by 

Feldhoff’s group to estimate the stability of metal oxides in the CO2-containing 

atmosphere at different CO2 partial pressure.39-42 To show its reproducibility, we re-

calculated and re-plotted the Ellingham diagrams for alkaline metal carbonates (Li2CO3, 

Na2CO3, K2CO3, and Cs2CO3 in Figure 2.4(a)), alkaline-earth metal carbonates 

(MgCO3, CaCO3, SrCO3, and BaCO3 in Figure 2.4(b)), and transition metal carbonates 

(NiCO3, ZnCO3, FeCO3, CoCO3, Ag2CO3, and MnCO3 in Figure 2.4(c)). The 

thermodynamic data from the data compilation of Barin et al. were used to obtain these 

three Ellingham diagrams.43 The absence of the thermodynamic data for lanthanide 

carbonates (La2(CO3)3, La2O2CO3, and Pr2O2CO3) requires their experimental 

measurements as performed by Feldhoff’s group to obtain these compounds’ diagrams 

(Figure 2.4(d)).42 In Ellingham diagrams, the dashed lines represent the chemical 

potential of CO2 at a particular CO2 partial pressure while the bold continuous lines 

represent the chemical potential of CO2 for decomposition of a particular carbonate; 

both are functions of temperature. The stability of a particular carbonate is evaluated 

by comparing the CO2 chemical potential at a particular CO2 partial pressure and 

temperature against the decomposition chemical potential at the same temperature. If 

the former is lower than the latter, the carbonate is thermodynamically unstable. In other 

words, the carbonate would form if the former is higher than the latter. For example, at 

800 K (527 oC) and 1 Pa, the chemical potential of CO2 is -75 kJ mol-1 while the 

chemical potential of decomposition of BaCO3 and CaCO3 is -130 kJ mol-1 and -53 kJ 

mol-1, respectively (Figure 2.4(a)). At this condition, BaCO3 may form whereas CaCO3 

is not likely to form. 
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Here, we only provide Ellingham diagrams for carbonates whose 

thermodynamic data are available. Diagrams for other carbonates can be identically 

constructed using the following procedure. First, the CO2 chemical potential at different 

CO2 partial pressures is calculated using @A$B = RT ln (CA$B/CA$B
D ) (kJ mol-1) and is 

plotted as y-axis with temperature and T as x-axis. Second, the Gibbs free energy 

change, ΔEF for carbonate decomposition reaction is calculated using thermodynamic 

data and all of the reactions are normalized to generate one mole of CO2. Taking BaCO3 

as an example, the Gibbs energy for the formation of BaCO3 (ΔE8,(HA$I ), BaO 

(ΔE8,(H$), and CO2 (ΔE8,A$B) can be collected from the data compilation of Barin et 

al..43 The Gibbs free energy change ΔEF	 for the carbonate decomposition reaction of 

BaCO3 (s) → BaO (s) + CO2 (g) is calculated using the formula of ΔEF = ΔE8,(HA$I ‒ 

ΔE8,(H$ ‒ ΔE8,A$B. For each individual temperature, there is one corresponding ΔEF. 

The ΔEF values are then plotted in the diagram as the function of temperatures; forming 

a line with positive slope. Accordingly, at a certain temperature, if ΔEF is higher than 

the chemical potential of CO2 (@A$B) at a given CO2 partial pressure, the carbonate will 

decompose. For example, at 1000 K, the Gibbs free energy change ΔEF for BaCO3 (s) 

→ BaO (s) + CO2 (g) is -101.85 kJ mol-1, which is higher than the CO2 chemical 

potential of -134.11 kJ mol-1 at CO2 partial pressure of 10-2 Pa. It indicates that BaCO3 

is not stable at 1000 K when the surrounding CO2 partial pressure is 10-2 Pa. Ellingham 

diagram should be viewed as an approximate thermodynamic predictor for the 

carbonate stability. Other factors such as the stabilization energy of the perovskites and 

the kinetic of the carbonate decomposition may play role. 

 In most carbonate cases, there is also a correlation between the stability and the 

carbonate size where larger ionic radius normally leads to larger crystal energy for the 

respective metal carbonate and thus, higher stability. For instance, Figure 2.4(b) 

implies increasing stability from CaCO3 to SrCO3 and to BaCO3, in parallel with 

increasing ionic radius of the metal cations, i.e., 1.34 Å (Ca2+), 1.44 Å (Sr2+), and 1.61 

Å (Ba2+) (all with coordination number of 12).23,41 Again, smaller ionic radius for Ni2+ 

(0.69 Å – coordination number of 6) compared to La3+ (1.36 Å – coordination number 

of 12) and Pr3+ (1.179 Å – coordination number of 9) is in accord with lower stability 

for NiCO3 with respect to La2(CO3)3, La2O2CO3, and Pr2(CO3)3 (Figure 2.4(d)).23,42 

Charge (or oxidation state) of the metal cation, on the other hand has reciprocal 

relationship to the stability of the carbonate with lower charge favors higher stability.44 
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2.2.1.2.2 Chemistry perspective 

Although the thermodynamic analysis may provide a glimpse on the chemical stability 

of perovskite oxides, it requires the presence of thermodynamic data which are not 

always readily available for all compounds. The extent of reaction between perovskite 

oxide and CO2 can also be rationalized using Lewis acid-base concept to address this 

shortcoming.30,45-47 In this context, perovskite oxide is a base (or electron pair donor) 

while CO2 is an acid (or electron pair acceptor). The basicity of perovskite oxide, i.e., 

the tendency to give up (or donate) electrons to the adsorbed CO2 molecule which varies 

at different temperature and oxygen partial pressure, becomes the determining variable. 

Higher basicity translates to intensified reaction. Sanderson’s electronegativity and the 

oxidation state of the cations are the two parameters that reflect the relative basicity of 

the metal oxides.48 Higher oxidation state generally signifies lower basicity (higher 

acidity) and accordingly, higher CO2 resistance. 

 
Figure 2.5 Comparison of the relative acidity of various oxides (Reproduced from ref. 48 with 

permission from Wiley). 
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Figure 2.6 (a) X-ray photoelectron spectroscopy (XPS) spectrum of O1s binding energy (BE) 

for Sr(Co0.8Fe0.2)0.9Ti0.1O3-δ; (b) The O1s BE of lattice oxygen as a function of Ti content (x) on 

Sr(Co0.8Fe0.2)1-xTixO3-δ; (c) The O1s BE of adsorbed oxygen and lattice oxygen on 

SrCo0.8Fe0.2O3-δ and Sr(Co0.8Fe0.2)0.9Ta0.1O3-δ ; and XPS spectrum of SrCo0.8Fe0.2O3-δ quenched 

from 20-hour annealing at 950 oC in oxygen partial pressure of (d) 10-4 bar and (e) 1 bar 

(Reproduced from ref. 45-47 with permission from Elsevier). 

 

The descriptor variable that indicates the relative acidity of metal oxide has been 

given by Jeong et al. in the form of NM-2dM value where NM represents the formal 

oxidation of the metal in compound and dM represents the partial charges of the metal 

ions.48 Figure 2.5 depicts such NM-2dM values for 101 metal oxides where higher value 

reflects higher acidity. Moreover, the data in Figure 2.5 clearly indicates that the 

surface acidity of a metal is a function of oxidation state of the cation, the 

electronegativity of the cation, and the electronegativity of the anion. Given the explicit 

acidity value, Figure 2.5 becomes an invaluable reference for the design of new CO2-

resistant oxides compositions. To obtain this comprehensive correlation, Jeong et al. 

measured the intramolecular charge-transfer (ICMT) energies for adsorption of two 
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different dyes, i.e., alizarin and 4-methoxyalizarin onto various metal oxides and 

sulfides by diffuse reflectance spectroscopy. They found correlations between the 

ICMT energies and NM-2dM values which allowed them to calculate the Sanderson’s 

electronegativity values for all tested samples including those for lanthanides (Ln2O3) 

and CeO2 which were not available before their work.48  

Since the reactions occur effectively only at the basic sites or sites with negative 

charge, i.e., on oxide ions, the basicity of perovskite oxide can also be measured using 

the O1s binding energy (BE) from X-ray photoelectron spectroscopy (XPS) which 

reflects the electron density (or oxidation state) of oxide ions.49 Higher O1s binding 

energy implies lower electron density (or higher oxidation state) and consequently, 

lower basicity.49 The O1s peak on XPS data generally consists of contributions from 3 

oxygen components, i.e., oxygen in adsorbed water (at the highest BE), adsorbed 

oxygen (at the medium BE), and lattice oxygen (at the lowest BE) (Figure 2.6(a), (d) 

and (e)). The binding energy for lattice oxygen in most cases can be taken as an 

accurate measure for basicity. For example, Ti-doped SrCo0.8Fe0.2O3-δ was reported to 

be more stable to CO2 than SrCo0.8Fe0.2O3-δ; consistent with the fact that when the Ti 

content (x) in Sr(Co0.8Fe0.2)1-xTixO3-δ was increased from 0 to 0.4, the O1s BE of lattice 

oxygen increased from 528.4 eV to 529.1 eV (Figure 2.6(a) and (b)).45 Partial 

substitution of Co and Fe in SrCo0.8Fe0.2O3-δ with Ta (i.e., Sr(Co0.8Fe0.2)0.9Ta0.1O3-δ) also 

led to the shifting of lattice oxygen peak to a higher binding energy value, i.e., by 0.4 

eV from 528.7 eV (for SrCo0.8Fe0.2O3-δ) to 529.1 eV (for Ta-doped SrCo0.8Fe0.2O3-δ) 

(Figure 2.6(c)).46 Accordingly, Ta-doped SrCo0.8Fe0.2O3-δ showed enhanced stability 

to CO2 with respect to SrCo0.8Fe0.2O3-δ. Moreover, exposing SrCo0.8Fe0.2O3-δ to higher 

oxygen partial pressure, e.g., 1 bar relative to 10-4 bar increased the CO2 resistance in 

agreement with increased O1s BE for lattice oxygen at higher oxygen partial pressure, 

i.e., 529.5 eV relative to 528.9 eV (Figure 2.6(d) and (e)).47 

 An effective way to reduce the basicity of the perovskite oxide is by decreasing 

the electron density of oxide ions. This can be achieved using metal elements whose 

cations strongly attract the electron cloud away from oxygen anion, i.e., metal cations 

with high oxidation state, e.g., Ta5+ and Ti4+ as demonstrated for Ta and Ti-doped 

SrCo0.8Fe0.2O3-δ compounds.45,46 The bonding between such metal cation and oxygen 

anion (e.g., bonding energy of Ta–O and Ti–O is 799.1 kJ mol-1 and 672.4 kJ mol-1, 

respectively) is substantially stronger than the bonding between common metal cation 
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and oxygen anion such as Co and Fe (e.g., bonding energy of Co–O and Fe–O is 384.5 

kJ mol-1 and 390.4 kJ mol-1, respectively). Such strong bond however suppresses the 

oxygen loss from the lattice which affects negatively the oxygen permeability. 

Therefore, a trade-off exists between the oxygen permeability and the CO2 resistance. 

The average metal-oxygen bond energy (ABE) provides a simple quantitative predictor 

in this regard to assess the CO2 resistance.50 This parameter can be calculated as shown 

below for A1-xA’xB1-y-zB’yB’’zO3-δ -type perovskite oxide (Eq. (2.9) – (2.13)) and thus 

far has been exclusively used to determine the oxygen ionic diffusion in perovskite 

oxides.51,52 

 

< 34L >	=	< 3 − 5 >	+	< 4 − 5 >     (Eq. 2.9) 

 

< 3 − 5 >	= 	∆ 3 − 5 +	∆(3N − 5)                (Eq. 2.10) 

 

< 4 − 5 >	= 	∆ 4 − 5 +	∆ 4N − 5 +	∆(4NN − 5)    (Eq. 2.11) 

 

∆ 3 − 5 = (O"/(>Q" ∙ S)) ∙ (∆9"T$U − S ∙ ∆9" −
<

%
∙ V$B)   (Eq. 2.12) 

 

∆ 4 − 5 =	 (W(/(>Q( ∙ S)) ∙ (∆9(T$U − S ∙ ∆9( −
<

%
∙ V$B)   (Eq. 2.13) 

 

Where xA and yB represents the mole fraction of A and B; ∆9"(()T$U  and ∆9"(() 

represents the enthalpy of formation of one mole of A(B)mOn and the sublimation energy 

of A(B) metal at 25 oC, available from thermodynamics database; CNA(B) represents the 

coordination number of A and B site cations (CNA = 12, CNB = 6); and V$B represents 

the dissociation energy of O2 (i.e., 500.2 kJ mol-1). 

 

2.2.1.2.3 Other factors like chemical adsorption 

�

In general, two subsequent processes manifest over the course of interaction between 

CO2 and oxide-based membranes, i.e., the CO2 adsorption on the membrane surface 

and the carbonate formation. In most cases, the significant poisoning effect of CO2 as 

reflected by the considerable deterioration of original flux is mainly attributed to the 

chemical adsorption of CO2 onto membrane surface since the carbonate formation does 
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not occur instantaneously.53 Three progressive steps are involved in the oxygen 

transport through MIEC membranes, i.e., (1) the surface-exchange reaction of oxygen 

gas molecules and oxygen vacancies; (2) bulk-diffusions of lattice oxygen ions and 

electrons/electron holes across the bulk membrane; and (3) the surface-exchange 

reaction of lattice oxygen and electrons.54,55 The oxygen transport rate is thus closely 

associated with the surface oxygen vacancies. To this end, when CO2 is used as the 

sweep gas, oxygen ions on CO2 may be adsorbed chemically on the oxygen vacancies 

of the membrane.56,57 This leads to the decrease in oxygen permeation rate with 

increasing time. Such CO2 adsorption effect is responsible for the rapid deterioration of 

O2 flux after CO2 is introduced and also the fast recovery of O2 flux to larger value after 

CO2 is removed.53 

 Using temperature programmed desorption, Yan et al. showed the competitive 

adsorption of O2 and CO2 on Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF5582) surface.58 They 

studied CO2 adsorption effect on BSCF5582 in the presence of O2 and H2O; 

highlighting CO2 adsorption as one of the factors reflecting the CO2 tolerance of 

perovskite. The reactivity of CO2 and Sr2+ and/or Ba2+ on BSCF5582 surface increased 

with increasing temperature when only CO2 was adsorbed onto the surface. However, 

when CO2 and O2 were co-adsorbed on the surface, CO2 adsorption was restrained, 

especially when O2 adsorption became dominant at 700 oC. Furthermore, the presence 

of water led to more severe CO2 poisoning effect due to the bicarbonate formation. 

Winnubst and co-workers showed that the addition of a low amount O2 to CO2 

atmosphere enhanced the CO2 tolerance of SrCo0.8Fe0.2O3-δ membrane.47 They found 

that when pure CO2 was used as a sweep gas, the oxygen flux of SrCo0.8Fe0.2O3-δ 

reduced to zero within 25 hours. When 5 vol. % O2 was introduced into predominantly 

CO2 sweep gas, the oxygen flux decreased by 34 % over the first 10-hour period before 

slowly increased to 90 % of its initial flux value within the following 50-hour period 

and then stabilized around this value. 

 Fang et al. proposed another factor that influences the CO2 tolerance of fluorite-

perovskite-based composite membrane, i.e., 80 wt. % Ce0.8Gd0.15Cu0.05O2-δ-20 wt. % 

SrFeO3-δ (CGC-SF) dual-phase membrane. This factor is related to the chemical 

potential of oxygen (µ$B) across the membrane.59 When O2-enriched air was used as 

the feed gas (i.e., the chemical potential of O2 is increased), the membrane exhibited 

significantly enhanced CO2-resistance when exposed to pure CO2 sweep gas. They 
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hypothesized that the carbonates formation is thermodynamically and kinetically 

limited. Therefore, higher µ$B  can suppress the adsorption of CO2 significantly by 

generating faster O2 releasing rate and lower oxygen vacancy concentration on the 

permeate side, contributing to the less carbonates formation during the long-term 

exposure to CO2.58 Nonetheless, another research work on Ba(Co,Fe,Nb)O3-δ indicates 

that the increase of the oxygen partial pressure significantly promotes the BaCO3 

formation, which suggests that oxygen molecular probably becomes the oxygen source 

for the carbonation formation. However, they recommended further investigation to 

reveal the real oxygen source for the carbonate formation.30 

 Yi et al. investigated the oxygen permeability and stability of Sr0.95Co0.8Fe0.2O3-

δ membrane in an atmosphere containing CO2 and H2O in the feed side.60 Compared 

with applying CO2 or H2O alone in feed side, the combined presence of CO2 and H2O 

provides more negative effect on microstructure, phase composition, and oxygen 

permeation performance of Sr0.95Co0.8Fe0.2O3-δ membrane. This is identical with what 

was observed by Yan et al. on BSCF5582.58 Such phenomena were caused by the 

formation of bicarbonate on the membrane surface which is enabled by the existence 

by both CO2 and H2O. The membrane degradation additionally correlates with the 

applied oxygen partial pressure and temperatures. Higher oxygen partial pressure and 

lower temperature (i.e., 810 oC) enhanced the degradation effect. The bicarbonate 

formation was associated with the entropy reduction which is favored at lower 

temperature. 

 

2.2.1.3 Recent status and advances 

�

In this section, the recent works on CO2-resistant perovskite membranes are 

summarized. For comparison purpose, the performances of some typical perovskite 

membranes are listed in Table 2.1.30,39,41,45-47,53,61-73 

Alkaline-earth metals containing perovskite oxides such as (Ba,Sr)(Co,Fe)O3-δ 

are among the best candidates for oxygen permeation membranes due to their high 

mixed ionic and electronic conductivity.15 However, they have poor stability under CO2 

atmosphere. BSCF5582 disk, for example, have high oxygen fluxes that normally can 

reach more than 1 mL min-1 cm-2 at 950 oC, or even reach to 12.2 mL min-1 cm-2 at 1000 
oC for an ultrathin BSCF5582 membrane with porous substate.74-88 The low chemical 
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stability of BSCF5582 nevertheless resulted in the formation of barium or strontium 

carbonates as the surface layer and oxygen flux deterioration, upon exposure to CO2.27-

29,81 As little as 300 ppm of CO2, less than the content in air (380 ppm), was sufficient 

to damage BSCF5582 membrane.89 The carbonate particles could form on the surface 

even after a short annealing time of 3 minutes at 800 oC in CO2 atmosphere. With 

prolonged treatment time, the carbonate particles grew into compact carbonate layer.29 

Such degradation was also observed on the performance of the solid oxide fuel cell 

(SOFC) using BSCF5582 as the cathode component in CO2 containing atmosphere.90-

93 Strong CO2 adsorption on the BSCF5582 surface and the formed carbonate layer 

contributed to the decrease of the oxygen surface exchange reaction that impaired the 

cell performance. Small quantities of CO2 (i.e., 0.28-3.01 vol. %) negatively affected 

the SOFC performance at 450 oC.90 To this end, several attempts have been performed 

to enhance CO2 resistance of BSCF5582 membrane such as reducing the amount of 

alkaline earth elements and/or the amount of cobalt and incorporating fixed-valence 

metal elements in B-site. 

 As mentioned above, the stability of carbonates increases with increasing ionic 

radius of alkaline earth elements.41,94,95 The stability increases in the order of Ca (1.34 

Å), Sr (1.44 Å), and Ba (1.61 Å). Although Ca-containing perovskites show better 

stability towards CO2 than Ba- and Sr-containing ones, carbonates still formed during 

exposure to CO2 atmosphere.57,96 Partial substitution of alkaline-earth cations in A-site 

with rare-earth cations has been adopted to enhance the CO2 resistance of alkaline-earth 

elements containing perovskite oxides. For example, partial substitution of Ba with 

rare-earth cations, i.e., La or Pr can substantially enhance the stability against 

CO2.53,69,72,97 Waindich et al. compared the CO2 corrosion behavior of BSCF5582, 

Ba0.3Sr0.7Co0.2Fe0.8O3-δ (BSCF3728), and La0.3Ba0.7Co0.2Fe0.8O3-δ (LBCF3728). They 

found that BSCF3728 and LBCF3728 exhibit better chemical stability against CO2 

corrosion relative to BSCF5582.98 The enhancement of stability against CO2 can be 

understood from thermodynamics perspective as discussed above. Using Ellingham 

diagram, Partovi et al. predicted that the decomposition temperature is above 1100 oC 

for pure SrCO3 and even higher (above 1400 oC) for BaCO3 under an atmospheric 

pressure (101.3 kPa) of CO2,97 while the rare-earth cation carbonates decompose at 

lower temperatures.15,41,42 Partial substitution of La in LaFeO3-δ and LaCo0.8Fe0.2O3-δ 

with Ca was performed to take advantage of higher Ca and La stability in CO2 

atmosphere. (La1-xCax)FeO3-δ and (La1-xCax)(Co0.8Fe0.2)O3-δ compounds with x = 0.4-
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0.6 were synthesized where only x = 0.4 compounds showed almost pure perovskite 

phases.41 

 In general, the complete substitution of Ba in A-site with rare-earth cations leads 

to substantially lower oxygen permeation flux (than that obtained in Ba-containing 

perovskites). For example, at 800 oC, La0.58Sr0.4Co0.2Fe0.8O3-δ membrane in 1-mm-

thickness displayed oxygen flux of only around 0.15 mL min-1 cm-2 or an even lower 

flux value for La0.6Sr0.4Co0.2Fe0.8O3-δ (LSCF6428). 99-101 The lower oxygen permeation 

flux was a consequence of two factors. Firstly, replacing low valence cations (i.e., Ba2+ 

or Sr2+) with higher valance cations (i.e., La3+) led into lower oxygen non-stoichiometry 

and also lower concentration of oxygen vacancies (relative to SrCo0.2Fe0.8O3-δ or 

BSCF5582).38,97 Secondly, reduced lattice parameter manifested from such 

replacement given the smaller ionic radius of La3+ (1.36 Å) compared with Sr2+ (1.44 

Å).23,97 CO2 stability of La0.6Sr0.4Co0.8Fe0.2O3-δ (LSCF6482) nonetheless increases 

following such substitution (relative to SrCo0.2Fe0.8O3-δ and BSCF5582).38 Besides the 

rare earth metal substitution strategy, the chemical and structural stability of perovskites 

can also be related to their A-site cation stoichiometry.60,102-106 Shao et al. observed that 

the oxygen permeation of BSCF5582 increased slightly, i.e., from 1.1 to 1.2 mL min-1 

cm-2 during a long-term test for more than 1000 h at 850 oC.107 Such increment in 

permeation flux is associated to the A-site cation diffusion.108 The resultant A-site 

cation deficiency caused by diffusion was charge compensated by the creation of 

additional oxygen vacancies which increased oxygen permeation flux. For Sr1-yFe1-

xTixO3-δ compounds, creation of A-site deficiency suppressed the oxygen-vacancy 

ordering and increased the structure disorder; leading to the stability of the cubic 

perovskite structure. In the case of A-site stoichiometric SrFe0.8Ti0.2O3-δ, exposure to 

CO2 for 40 hours at 200 oC led to the formation of SrCO3 as revealed by the infrared 

(IR) absorption spectroscopy result. SrCO3, on the other hand, did not form in case of 

A-site deficient Sr1-yFe0.8Ti0.2O3-δ (y = 0.03-0.06). This observation indicates that 

structure and oxygen permeation flux stability may, in specific cases, be enhanced via 

the creation of A-site deficiency.105 Another representative example is A-site deficient 

Sr0.95Nb0.1Co0.9O3-δ in the application context of cathode for SOFCs. After introducing 

CO2-containing air, the increase in the area specific resistance (ASR) of the 

Sr0.95Nb0.1Co0.9O3-δ cathode was less than that of the SrNb0.1Co0.9O3-δ cathode. The 

lower oxygen reduction reaction performance degradation for the former compound 

indicates that the A-site deficiency minimized CO2 poisoning on the surface of the 
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cathode.109 In addition, for the dual-phase (composite) membrane of SrFe(Al)O3-δ -

SrAl2O4, partial dissolution of SrAl2O4 in SrFe(Al)O3-δ perovskite phase generated A-

site deficiency in this phase. The resultant strontium deficiency contributed towards the 

improved composite stability against reaction with CO2.110 The mechanism behind the 

enhanced CO2 resistance from A-site deficiency is still elusive. Generally speaking, the 

additional oxygen vacancies generated from A-site deficiency is likely to increase the 

oxygen permeation flux and the structure stability. Such higher concentration of oxygen 

vacancies tends to promote CO2 surface adsorption and eventually, the formation of 

carbonates. 

From the perspective of Lewis acid-base concept, partial substitution of B-site 

elements with fixed valence cation serves as an alternative option to improve the 

stability of perovskite membranes. The work of Czuprat et al. was among the earliest 

works to report the effect of exposing perovskite to CO2 atmosphere.39 For 

BaCoxFeyZrzO3-δ compound, exposure to 50 vol. % CO2 in He for 5-10 hours led to the 

decomposition of perovskite structure up to a depth of 25 µm. Scanning electron 

microscopy indicates the formation of up to 10 µm BaCO3-enriched layer followed by 

up to 15 µm Ba-depleted zone on top of the original perovskite layer. They also showed 

that the original microstructure and oxygen fluxes can be recovered in CO2-free 

atmosphere (i.e., He). Similar results were obtained on BaCo0.7Fe0.3-xZrxO3-δ membrane 

of which a corrosion layer with an average thickness of 12 µm for x = 0.04 and 8 µm 

for x = 0.10 appeared.65 CO2 resistance enhances by increasing the amount of Zr dopant 

although with inevitable reduction of oxygen permeation flux. Doping with other high 

valence metal cations such as Ta, Nb, and Ce gives the identical effect towards the 

oxygen permeation, methane partial oxidation, and chemical stability behaviors of Ba 

fully-occupied A-site BaCoFeO3-δ membranes.30,111-117 Nb, in particular, is an effective 

dopant to enhance the stability of perovskite while maintaining high oxygen 

permeability.30,118 Yi et al. studied the oxygen permeation behavior and the degradation 

mechanism of Ba(Co,Fe,Nb)O3-δ perovskite in CO2 atmosphere.30 Partial substitution 

of Fe and Co by Nb leads to the higher CO2 resistance (relative to the original compound) 

and the stability enhancement mechanism are explored using Lewis acid-base 

perspective as discussed above. Upon relating this observation with the acidity trend 

reported by Jeong et al., (in increasing acidity order), i.e., Fe2+, Co2+, Fe3+, Co3+, Co4+, 

and Nb5+; such acidity increase appears to correlate with the increasing oxidation 
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state.48 Increasing content of Nb5+ or Fe3+ contributes towards higher acidity relative to 

the case of B-site cation fully occupied by Co2+. The high valence metal doping 

approach manifested in several other compounds such as BaCo0.7Fe0.2Sn0.1O3-δ, 

BaCo0.7Fe0.3-xInxO3-δ, BaTi0.2Co0.5Fe0.3O3-δ, and BaBixCo0.2Fe0.8-xO3-δ which were 

tested as oxygen permeation membranes but without evaluating their stability in the 

presence of CO2.119-122 Despite the stability enhancement obtained via such doping, Ba-

containing perovskites nonetheless show performance deterioration over time in CO2-

containing atmosphere as observed in the case of tantalum and bismuth co-doped 

perovskite BaBi0.05Co0.8Ta0.15O3-δ.67 BaBi0.05Co0.8Ta0.15O3-δ indeed demonstrated 

higher stability than BSCF5582 but the oxygen flux still declined under the long-term 

operation with CO2-containing atmosphere as sweep gas. With the exception of BaCo1-

xFexO3-δ system, other compositions of B-site doping have mostly been performed. By 

substituting as low as 2 mole % of tungsten into BSCF5582, the phase transition and 

O2 permeation performance degradation in CO2 atmosphere was effectively suppressed 

on such Ba0.5Sr0.5Co0.78Fe0.2W0.02O3-δ membrane,66 which exhibited higher stability 

under sweep gas containing 20 vol. % CO2 within 1.5 hour-test period and 100 vol. % 

CO2 within 0.25 hour-test period, compared with BSCF5582 without tungsten doping. 

Chen and co-workers developed Ti-doped SrCo0.8Fe0.2O3-δ, i.e., Sr(Co0.8Fe0.2)1-xTixO3-δ 

(x = 0.05, 0.1, 0.2 and 0.4) to enhance the CO2 resistance of SrCo0.8Fe0.2O3-δ.45 Upon 

exposure to CO2, the oxygen permeation flux of SrCo0.8Fe0.2O3-δ was reduced to only 

30 % of the initial flux after 70 hour-period. For Sr(Co0.8Fe0.2)0.95Ti0.05O3-δ after the 

same period of exposure, up to 43 % of the initial flux was retained. In the case of 

Sr(Co0.8Fe0.2)0.9Ti0.1O3-δ and Sr(Co0.8Fe0.2)0.8Ti0.2O3-δ, on the other hand, CO2 exposure 

did not affect the oxygen flux. Ta-doped SrCo0.8Fe0.2O3-δ, i.e., Sr(Co0.8Fe0.2)0.9Ta0.1O3-δ 

was also demonstrated to be stable to CO2 where only 5.3 % (from 1.32 mL min-1 cm-2 

to 1.25 mL min-1 cm-2) drop in oxygen flux was observed on switching the sweep gas 

from helium to CO2. The flux stabilized at 1.14 mL min-1 cm-2 after 50 hours exposure 

to CO2.46 

 Although partial substitution of B-site cations with more acidic (less basic) 

metal cation can enhance CO2 resistance, the formation of alkaline-earth carbonate 

layer is unavoidable after prolonged exposure to pure CO2. Ta-doped SrFeO3-δ 

membrane, for example, in spite of its higher CO2 resistance than non-doped SrFeO3-δ, 

i.e., capability to retain its oxygen permeation flux for at least 71 hours under 10 vol. % 

CO2 atmosphere, showed 33.9 % decay in oxygen flux within 26 hours when pure CO2 
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was used as the sweep gas.123 Zhu et al. evaluated CO2 reaction mechanisms on SrCo0.9-

xFexNb0.1O3-δ (SNCFx) cathodes.50 No carbonate phase was detected on powder X-ray 

diffraction patterns for all perovskite compositions after one hour of CO2 exposure at 

600 oC. Fourier Transform Infra-Red spectra nonetheless displayed the presence of 

carbonate functional groups on SNCF0.1, SNCF0.2, and SNCF0.3 which was absent 

on SNC, SNCF0.5, and SNF. In the cases of SNCF0.1, SNCF0.2, and SNCF0.3, Zhu 

et al. hypothesized the simultaneous occurrence of CO2 adsorption and strontium 

carbonate formation whereas for the other compositions, only CO2 adsorption occurred. 

These distinct behaviors appeared to correlate with the oxygen non-stoichiometries of 

the perovskites. Reducing Co content in B-site of the perovskite can enhance CO2 

resistance albeit the resultant reduction in O2 permeability as discussed in detail by 

Partovi et al..72 The oxygen permeation properties and the chemical stabilities of cobalt-

free SrFe0.8M0.2O3-δ perovskites (SrFe0.8Zr0.2O3-δ, SrFe0.8Mo0.2O3-δ, and SrFe0.8W0.2O3-

δ) were probed under CO2-containing atmosphere.64 Powder X-ray diffraction 

measurements combined with Rietveld analyses showed that the dominant phase for 

CO2-exposed SrFe0.8M0.2O3-δ is cubic perovskite. A very small peak emerged near the 

(110) plane peak that can be attributed to the pyrochlore phase or single oxide phase. 

When 10 vol. % CO2 was introduced into the sweep gas, SrFe0.8Mo0.2O3-δ and 

SrFe0.8W0.2O3-δ displayed stable oxygen fluxes (0.15 and 0.17 mL min-1 cm-2, 

respectively) for 10 hours whereas the oxygen flux of SrFe0.8Zr0.2O3-δ gradually 

decreased. The latter deterioration was related to the presence of Zr3+
 in CO2-exposed 

SrFe0.8Zr0.2O3-δ as evidenced by X-ray photoelectron spectroscopy results.64 The 

stabilizing effect of divalent zinc-doped (Ba,Sr)FeO3-δ (BSFZ) was investigated under 

CO2 atmosphere.37 Even when the cobalt was totally substituted by zinc, O2 flux of 

BSFZ still decreased to almost zero when pure CO2 was used as sweep gas. Martynczuk 

et al. found that the formation of 8 % carbonate phase on BSFZ surface was sufficient 

to induce the oxygen permeability degradation at 750 oC.37 Powder X-ray diffraction, 

scanning electron microscopy, and transmission electron microscopy results evidenced 

the co-existence of cubic, hexagonal, and tetragonal perovskites phases as well as a 

carbonate layer at the surface after CO2 treatment. The tetragonal and cubic phases were 

found to be favorable for oxygen permeation while the hexagonal and carbonate phases 

were not. Furthermore, they also showed that the original O2 permeability can be 

partially recovered by sintering CO2-exposed membrane at high temperature, i.e., 950 
oC under helium for a short time. 
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Yi et al. discussed the strategy to choose metal elements in CO2-resistant 

perovskite ceramics.62 In terms of A-site cation candidates from alkaline earth metals, 

the presence of large ionic radius cation such as Ba2+ usually leads to high oxygen 

permeability but has tendency to form carbonate with CO2. Incorporating Ca2+, on the 

other hand, would provide CO2 tolerance although with the anticipated decrease of 

oxygen flux. Sr2+ that is located between those two metals in the same column in the 

periodic table, is expected to balance the oxygen permeability and CO2 stability. For 

the B-site cation, Co and Fe have been extensively used with the former has poor 

stability under CO2 while the latter shows better stability and is thus preferred. The 

inclusion of a low amount of metal with high valence such Nb5+ is beneficial to stabilize 

the perovskite framework and improve its resistance to CO2. These considerations lead 

to the development of Sr(Fe,Nb)O3-δ perovskite membrane processing good oxygen 

permeability and CO2 tolerance. Zhang et al. evaluated the doping effect on the phase 

structure, chemical stability, sintering behavior, conductivity, and oxygen permeability 

of SrFe0.8M0.2O3-δ (M = Ti4+, Nb5+, and Cr6+) perovskites.124 They found that the 

dopants with different oxidation states affect the oxidation state of Fe ions in the 

perovskite, i.e., higher oxidation state for the dopants resulted in lower average 

oxidation state of Fe ions and also lower concentration of oxygen vacancies. CO2 

resistances of these compounds were correlated to the average metal-oxygen bond 

energy (ABE) in the perovskite where higher ABE value increases CO2 resistance. 

 Based on these aforementioned works, we can delineate several major 

approaches that have been undertaken to enhance the stability of perovskite-based 

membranes to CO2, i.e., (1) Adopting rare earth metal cation as A-site cation; (2) 

Reduction in the Co content in B-site; and (3) Partial substitution of the original 

transition metals components in B-site with more acidic (less basic) or more stable 

transition metal components. In doing these approaches, the Goldschmidt tolerance 

factor consideration (Eq. 2.4) becomes crucial to ensure that a suitable perovskite 

structure (i.e., cubic) with sufficiently high oxygen permeability can be obtained. Still, 

these approaches inevitably involve trade-off between the CO2 resistance and O2 

permeability. The other option that does not induce such trade-off represents the 

engineering approach that can be attained via optimizing the membrane configuration 

(i.e., area to volume ratio) and/or reducing the effective membrane transport thickness. 

 A more practical membrane configuration such as hollow fiber with thinner wall 

thickness can improve the oxygen permeation fluxes. To increase the oxygen 
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permeation fluxes achieved by the SrFe0.8Nb0.2O3-δ (SFN) disk-shaped membrane, Zhu 

et al. developed SFN hollow fiber that demonstrated up to 1.12 mL min-1 cm-2 oxygen 

flux under air to CO2 gradient and stable operation for more than 500 hours.63 Likewise, 

Zhu et al. obtained approximately quadruple O2 flux enhancement for SrFe0.9Ta0.1O3-δ 

and SrFe0.8Sb0.2O3-δ at 900 oC via modification of membranes geometries from disk to 

hollow fiber form.71 Tan’s group contributed numerous works on the morphological 

evolution and the associated oxygen permeation properties of LSCF6428 hollow 

fibers.53,125-130 They also studied the influence of CO2 on the oxygen permeation 

behavior of LSCF6428 hollow fiber.53 CO2 chemical adsorption on the LSCF6428 

surface was the main poisoning effect of CO2 for the short term. The adsorbed CO2 

occupied the oxygen vacancies sites, thus suppressing the oxygen flux of the fiber. After 

operation under CO2 for more than 100 hours at 900 oC, the carbonates were gradually 

formed due to the reaction of Sr with the adsorbed CO2 causing Sr segregation on the 

surface. However, such CO2-induced corrosion on the surface did not lead to the 

membrane collapse given that the eroded surface layer was only 1.4 µm after the long 

term operation. Such thickness is substantially thinner than 50 µm-thick erosion depth 

observed on BSCF5582 membrane exposed to pure CO2 at 875 oC for only 70 hours.27 

The oxygen permeation flux of the fiber remained stable at 0.78 mL min-1 cm-2 at 950 
oC after exposure to pure CO2 sweep gas for over 100 hours. In addition to the hollow 

fiber membranes, other configurations have also been developed. Gaudillere et al. 

fabricated a hierarchically-structured LSCF6428 membrane by freeze-casting with a 

maximum O2 flux of 6.8 mL min-1 cm-2 at 1000 oC.68 Upon introducing 50 vol. % CO2 

into Ar sweep gas, O2 flux at 900 oC decreased quickly from 4.6 to 2.5 mL min-1 cm-2. 

O2 flux nonetheless remained stable at around 2.5 mL min-1 cm-2 during the 48 hour-

test. The result indicated that the hierarchically-structured LSCF6428 membranes were 

robust and stable, at least identical in this aspect to the monolithic LSCF6428 

membranes. An asymmetric LSCF6428 membrane consisting of a porous LSCF6428 

support, a homogeneous dense thin LSCF6428 layer and a porous LSCF6428 activation 

layer was fabricated using tape casting method.69 The oxygen permeation test was 

carried out under CO2-containing sweep gas at 900 and 1000 oC. At 900 oC, the O2 flux 

dropped 32 % from 2.98 to 1.94 mL min-1 cm-2 when Ar was completely replaced by 

CO2; which was attributed to the competitive adsorption of CO2 and O2 species on the 

active sites of membrane surface. However, the test result at 1000 oC showed opposite 
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counterintuitive trend, displaying the increase of O2 flux from 4.95 to 5.52 mL min-1 

cm-2 when the CO2 content was increased from 0 to 100 %. Two most plausible reasons 

were postulated, i.e., (1) CO2 adsorption rate at 1000 oC was lower compared with that 

at lower temperatures; and (2) Lowered oxygen partial pressure in the permeate side 

from using CO2 sweep gas (relative to Ar sweep gas), or in another word, higher 

sweeping capacity of CO2 (relative to Ar). Gaudillere et al. also fabricated a highly 

porous LSCF6428 freeze-cast asymmetric membrane with a 30 µm-thick LSCF6428 

porous activation layer over the dense top layer.70 The porous activation provided 

protective features against CO2, as evidenced by the lower O2 flux deterioration for the 

activated membrane with respect to the bare membrane. The obtained highest O2 flux 

of 7.2 mL min-1 cm-2 was observed at 1000 oC using 100 % CO2 as the sweep gas. This 

value was even higher than that obtained from using Ar as sweep gas (7.0 mL min-1 cm-

2), which was consistent with the results of Serra et al..69 The long-term test in CO2-

rich atmosphere (50 % CO2 in Ar) over 92 hours led to a degradation rate of only 4.17 

× 10-2 mL min-1 cm-2 per day (from 1.41 to 1.25 mL min-1 cm-2).  

 

 
Figure 2.7 Dual-phase membranes concepts; (a) Ionic Conductor-Electronic Conductor (IC-

EC) dual-phase membrane; (b) Ionic Conductor-Mixed Ionic-Electronic Conductor (MIEC) 

dual-phase membrane (Reproduced from ref. 61 with permission from Wiley). 
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2.2.2 Dual-phase materials 

�

Dual-phase membrane comprises an ionic conducting phase and an electronic 

conducting phase. This concept is displayed in Figure 2.7(a) and (b) for two different 

composites, i.e., ionic conductor-electronic conductor and ionic conductor-mixed ionic-

electronic conductor, respectively. More details were discussed by Zhu and Yang on 

the critical factors required for appropriate selection of each phases.131 Here, we have 

summarized the results from recent publications on dual-phase membranes in Table 

2.2 61,73,132-159 and discussed current research status on this topic, but placing more 

efforts on the strategies to battle the influence of CO2 erosion at high temperatures. The 

following definitions of terms are used throughout this section. Composite or dual phase 

membrane consisting of 45% A and 55% B by weight is expressed for short as A-B 

(45:55) and vice versa for other compositions, unless otherwise specially stated if the 

percentage is by volume. 

 

2.2.2.1 Oxygen ionic conductor phase 

�

In choosing the ionic conducting materials, three criteria should be fulfilled.131 First, 

the materials have high ionic conductivity. Second, the materials remain stable under 

acidic gas or reducing atmosphere to ensure that no phase transition would occur. Third, 

the materials demonstrate chemical compatibility against the electronic conducting 

materials. 

 Oxide compounds with fluorite structure fulfill these criteria and are often used 

as an ionic conductor (IC, an electrolyte) in solid oxide fuel cells given its predominant 

ionic conductivity at a certain temperature range. Figure 2.1(c) and (d) illustrate the 

ideal fluorite structure and its packing arrangement. Fluorite compounds are defined as 

those having a general formula of AO2; typified by calcium fluoride (CaF2). Such 

structure is created by cubic-close packing of the A cations where the A cations occupy 

the face-centered cubic positions while the O anions occupy the tetrahedral interstices.21 

Zirconia (ZrO2) exemplifies the classical example of oxides with fluorite structure 

which was once an important series of electrolyte in the old generation of solid oxide 

fuel cells. This compound requires temperature beyond 700 oC to provide substantial 

conductivity. Upon heating, ZrO2 undergoes phase transitions from monoclinic to 
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tetragonal (at 1100-1200 oC) and tetragonal to cubic (2300 oC).160 Partial substitution 

of zirconia with (approximately 10 mole % of) various lower valence metal cations, 

e.g., Ca2+, Mg2+, and Ln3+ (Lanthanides) effectively stabilizes the cubic phase to room 

temperature. The tetragonal phase can also be stabilized using approximately 3 mole % 

of Y3+. The ionic conductivity of the monoclinic ZrO2 is quite negligible, only about 

10-7-10-6 S cm-1 which is improved on its tetragonal phase to 10-3-10-2 S cm-1 and 

approaches 10 S cm-1 for cubic ZrO2 beyond 2100 oC. Higher conductivity can actually 

be realized at lower temperature by partially substituting ZrO2 with CaO or Y2O3; 

leading to a conductivity value close to 10-1 S cm-1 at 1300 oC. Still, given the very high 

temperature required to achieve substantial oxygen ionic conductivity, the use of 

zirconia is considered impractical. 

 

 
Figure 2.8 Correlation of the temperature-dependent grain ionic conductivity of doped ceria 

(in air) with the ionic radius of the dopant (All contain 10 mole % lanthanide dopant (except 

for Y) and synthesized using solid-state route – Reproduced from ref. 164 with permission from 

Wiley). 

 

Ceria (CeO2) represents another fluorite compound of interest. Strictly speaking, 

pure CeO2 actually behaves more as a mixed conductor showing almost similar 

magnitude of ionic and electronic conductivities.161 This is related with the change in 
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the oxidation state of cerium ion as a function of oxygen partial pressure, i.e., Ce4+ may 

be reduced to Ce3+ under reducing atmosphere (and vice-versa).162 This problem can be 

solved by partially substituting Ce with other metal cations having lower and fixed 

valence, e.g., Ln3+ (lanthanides, to promote the formation of oxygen vacancies so that 

the ionic conductivity far outweighs the electronic conductivity). What makes ceria-

based materials attractive is its high oxygen ionic conductivity which at 750 oC is 

analogous to that of yttria-doped zirconia at 1000 oC. Although Bi2O3 based materials 

have superior conductivity, their disadvantages lie in their instability and reducibility 

in reducing atmosphere. Ceria based materials on the other hand are quite stable. These 

materials have in fact replaced yttria-doped zirconia as an electrolyte for lower 

temperature operation (less than 800 oC).161 Various dopants can be used to improve 

the ionic conductivity, e.g., Ba, Ca, Dy, Gd, Ho, La, Mg, Nd, Sm, Sr, Y and Yb.161,163 

Doping with Ln elements generally provides the best conductivity with Gd, Nd, and 

Sm-doped ceria showing the highest conductivity values.161,163,164 This is attributed to 

the high concentration of mobile oxygen vacancies in the cubic lattice. Figure 2.8 

suggests that the grain ionic conductivity of the lanthanide-doped ceria increase with 

increasing ionic radius of the dopant.164 Two special aspects in this figure deserve 

further discussion. Firstly, within this lanthanide-doped ceria series (except for Y-

doped ceria), the lowest ionic conductivity was shown by Lu-doped ceria despite the 

almost similar ionic radius of Lu3+ (0.977 Å) and Ce4+ (0.97 Å). This is due to the 

restrained oxygen vacancy diffusion, most likely due to the attractive electrostatic 

interaction between Lu3+ and oxygen vacancies. Secondly, Y-doped ceria shows ionic 

conductivity which deviates from the trend indicated by the plot. This can be 

understood by the fact that Y is not the lanthanide element and the electronegativity of 

the dopant may influence the ionic conductivity.164 Although Nd-doped ceria 

demonstrate the highest conductivity among all lanthanide-doped ceria, Sm-doped ceria, 

i.e., Ce0.8Sm0.2O1.9 is the most attractive one to replace yttria-doped zirconia given its 

lowest reducibility among the doped ceria compounds.163,164 

 Another promising alternative is bismuth oxide (Bi2O3). This compound, upon 

heating, also exhibits phase transition from monoclinic (a-phase) to cubic (d-phase) at 

730 oC before its melting point at 825 oC.165 Its cubic d-phase has fluorite structure with 

ordered defects in the oxygen sub-lattice and shows 1-2 orders of magnitude higher 

conductivity than the yttria-doped zirconia, i.e., 1 S cm-1 at 650 oC. The superior ionic 
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conductivity is characterized by the missing of one-fourth of oxygen anions in the 

lattice, the electronic configuration of Bi3+ consisting of 6s2 lone pair electrons which 

results in the high polarisability of the cation (and high oxide ion mobility) and Bi3+ 

capability to afford highly disordered surroundings.165 Likewise, the cubic phase of 

Bi2O3 can be stabilized to room temperature by partial substitution of Bi with Dy, Er, 

Gd, Ho, Lu, Tb, Tm, Y, and Yb. Despite some dispute on the resultant structure, Dy, 

Er, Ho, and Tb-doped ones show the highest conductivity of 0.1-0.4 S cm-1 between 

650-700 oC. 

 La1-xSrxGa1-yMgyO3-δ is another popular oxygen ionic conductor, frequently 

applied as an electrolyte layer in solid oxide fuel cells due to its high oxygen ionic 

conductivity. It is also suitable as the ionic conductor phase in dual-phase membranes 

for oxygen permeation. However, La and Sr in La1-xSrxGa1-yMgyO3-δ have tendency to 

diffuse into the electronic conductor phase at high temperature; forming new perovskite 

oxide phase with inferior permeability. For example, in the case of 

La0.8Sr0.2Ga0.8Mg0.2O3 (LSGM)-La0.8Sr0.2Co0.2Fe0.8O3 (LSCF8228) dual-phase 

membrane, sintering at temperatures between 1320 and 1410 oC induced fast cation 

interdiffusion between the two phases leading to the formation of single perovskite 

phase with local inhomogeneities. The ionic and electronic conductivities of the formed 

perovskite phase were lower than those of the original phases (LSGM and LSCF8228) 

unfavorable for oxygen permeation.166 

 

2.2.2.2 Electronic conductor phase 

�

Fluorite phase cannot be utilized as oxygen permeation membrane given its limited 

electronic conductivity. An electronic conductor (EC) phase having high electronic 

conductivity is required to form the continuous electronic conducting path within the 

membrane. EC phase should ideally have good stability, high thermal and chemical 

compatibility with respect to ionic conductor (IC) phase, and is relatively inert to the 

reaction with IC phase. EC phase mainly comes from three categories, i.e., noble metals, 

electronic conducting oxides, and mixed conducting (MIEC) oxides. 

 Noble metals (i.e., Au, Pt, Pd, Ag, etc) were the initial EC candidate for dual-

phase membranes.167-171 Both the individual EC and IC phases should be percolative 

throughout the membranes for the oxygen ions and electrons to be conducted from the 
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feed to the permeate side. Thus, the percolative threshold which refers to the minimum 

content of electronic phase is generally 40 vol. % or above using the conventional 

preparation protocols, e.g., mixing, pressing, and sintering. For Bi1.5Y0.3Sm0.2O3 

(BYS)-Ag membrane, for example, 40 vol. % of Ag was required to achieve percolative 

EC phase as indicated by 104-105 higher conductivity for BYS-40 vol. % Ag than that 

for BYS-30 vol. % Ag.169 Conceptually, since there is practically no oxygen 

conductivity in noble metal phase, the oxygen conducting path in IC-noble metal 

composite is negatively blocked by EC phase (Figure 2.7(a)). IC phase also blocks the 

electronic conducting path given the very limited electronic conductivity in IC phase 

(such as Ce0.8Gd0.2O1.9 (GDC)). This blocking effect thus limits the global conducting 

efficiency between these two phases. In addition to this so called “mutual blocking 

effect”, high cost of noble metal renders this cermet dual-phase membrane approach 

less attractive. 

 Pure electronic conducting oxides or those with extremely low ionic 

conductivity and substantial oxygen reduction catalytic activity can be exploited as EC 

phase as represented by Ce0.8Gd0.2O1.9 (GDC)-La0.7Sr0.3MnO3 (LSM) membrane.172 

Given its high electronic conductivity, the electronic conducting oxide phase is 

generally perovskite-type material (such as La1-xSrxMn(Cr)O3)131,173-176 or spinel oxides 

(such as MnFe2O4, CoFe2O4, FeCo2O4, MnCo2O4, CuCo2O4, NiFe2O4, 

etc).133,134,140,150,151,159,177,178 Besides the blocking effect from EC phase (Figure 2.7(a)), 

interphase reaction becomes another important consideration in dual-phase membrane 

design. Although the mixing with LSM solved the limited electronic conducting issue, 

the long term test (up to 800 hours) revealed continuous oxygen flux decrease due to 

the formation of poorly ionic conducting layers at the boundary of GDC grains from 

the diffusion of lanthanum and strontium.172 In some cases, new phases formed on the 

grain boundary can also promote ionic transport via modification of phase structure and 

compositions.179 A recent work on dual-phase Ce0.8Gd0.2O2-δ (GDC)-CoFe2O4 (CF) 

showed new crystalline phase containing Gd, Fe, Ce, and Co (denoted as GFCCO) 

formed along the grain boundaries during sintering.180 On one hand, the perovskite 

GFCCO has high level of oxygen vacancies which promotes oxygen ionic conductivity. 

On the other hand, the formation of GFCCO phase mitigates the space charge effect 

near the GDC-GDC grain boundaries which can also improve the oxygen ion transport. 

Their work demonstrates a novel direction in EC phase selection, i.e., the possibility to 

generate in situ beneficial phase reaction with IC that creates new phase with high ionic 
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conductivity.180 Another example of this direction comes from dual-phase membranes 

of Ce0.8Sm0.2O2-δ (SDC) + SrCO3 + Co3O4, where highly conductive tetragonal 

perovskite phase Sr0.95Sm0.05CoO3-δ formed along the SDC grain boundary. The 

permeation flux through a 0.5 mm-thick SDC + 20 wt. % SrCO3 + 10.89 wt. % Co3O4 

reached 1.19 mL min-1 cm-2 at 900 oC under air/helium gradient. This composite 

membrane furthermore displayed a stable oxygen permeation flux during 110 hour-test 

using pure CO2 as the sweep gas.181 

 Mixed ionic-electronic conducting (MIEC) oxide such as Lnx(Ba,Sr,Ca)1-

xCoyFe1-yO3-δ; Ln = La, Pr, Nd, Sm, and Gd) is the other EC phase option.138,139,146,182-

188 The oxygen permeability of IC-MIEC composite is typically higher than that of IC-

EC composite due to the higher amount of oxygen ion conducting paths through the 

membranes and the enhanced surface exchange reaction rate (Figure 2.7(b)). The 

presence of MIEC phase within the dual-phase composite substantially enlarges the 

triple-phase boundaries (TPBs, reaction contact areas between oxygen ions, electrons, 

and oxygen gases) on the membrane surfaces as well as the contact areas between 

oxygen ions and electrons within the bulk membrane. Note that both oxygen ions and 

electrons can pass through MIEC phase. This is unlike the IC-EC composite case where 

the TPBs and the oxygen ions to electron contact areas are limited only to IC-EC 

interfaces (Figure 2.7(a)).189 A representative example is Ce0.9Gd0.1O2-δ (GDC)-

Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF5582) which consists of GDC IC phase and BSCF5582 

MIEC phase. BSCF5582 has high oxygen ionic conductivity of about 1 S cm-1 (above 

300 oC) and an even higher electronic conductivity.190 BSCF5582 is a popular oxygen 

permeation membrane material that has good compatibility with GDC.74,191 A quite 

high oxygen permeation flux of 2.1 mL min-1 cm-2 was obtained from 0.5 mm-thick 60 

wt. % GDC-40 wt. % BSCF5582 membrane under air/He gradient at 975 oC.192 This is 

much significantly higher than that from GDC (ionic conducting phase)-LSM 

(electronic conducting phase) composite membrane.172 When the helium sweep gas was 

swapped to pure CO2, a stable oxygen permeation flux of 0.67 mL min-1 cm-2 at 950 oC 

was retained for at least 250 hours.132 Such long term stability to CO2 is counterintuitive 

and was attributed to the protection of BSCF5582 by GDC.28 Accordingly, 

Ce0.8Sm0.2O2-δ (SDC)-SrCo0.9Nb0.1O3-δ (SCN) (60:40) also showed excellent CO2 

stability for at least 120 hours under 50 vol. % CO2 in N2.153 CO2 resistance can further 

be improved by replacing alkaline earth metal containing perovskite with non-alkaline 

earth metal containing perovskite, such as Ln1-xSrxFeO3-δ (Ln = La, Pr, Nd, Sm, and 
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Gd).141,146,149,193 For example, La1-xSrxFeO3-δ showed appreciable oxygen permeation 

flux under He, N2, and even reducing CO, CO2, and H2 atmosphere;194-196 indicating its 

good stability in harsh atmosphere. IC-MIEC dual-phase membrane can simultaneously 

provide high oxygen permeation flux and good chemical stability in the presence of 

acidic gas. Moreover, the thermal expansion coefficients mismatch and the interphase 

reaction between the two phases should also be accounted for the design of IC-MIEC 

dual phase membranes. Other electronic conducting oxides such as double perovskite 

oxides and transition metal oxides (such as Fe2O3) were employed in dual-phase oxygen 

permeation membranes.151,182,184 

 

2.2.2.3 Preparation routes 

�

Ceramic-based dual-phase membrane offers different preparation routes. For the single-

phase membrane, the preparation methods mainly affect the grain size and defects of 

the membranes. The different preparation methods may also influence the distribution 

of the two phase compositions for the dual-phase membranes.197 Powders of each  

individual phase can initially be synthesized using solid-state reaction or sol-gel method 

and then combined by manually mixing using mortar and pestle or by mechanical 

mixing using ball-milling. It is also possible to use an in-situ one-pot sol-gel synthesis 

to prepare the dual-phase directly from the precursors. One of the best examples 

comparing distinct morphology and oxygen permeability of dual-phase membranes 

arisen from the different preparation routes is given by Luo et al..134 For NiFe2O4 (NF)-

Ce0.9Gd0.1O2-δ (GDC) (40:60), they showed that powder mixing using hand in mortar 

and pestle led to the formation of largest grains (Figure 2.9(a) and (b)) followed by 

mixing using ball-milling (smaller grains – Figure 2.9(c) and (d)) and then one-pot 

route (smallest grains – Figure 2.9(e) and (f)). Their results showed close correlation 

between the grain size and the oxygen fluxes with the composites having the smaller 

grain size exhibited higher fluxes. As such, one-pot route is favored over these physical 

mixing. 

 According to the precursors and synthesis routes, one-pot method can be 

divided into several types, i.e., one-pot solid state reaction (SSR), one-pot co-

precipitation (CP), one-pot glycine-nitrate combustion (GN), and one-pot sol-gel (SG). 

For example, Luo et al. applied one-pot glycine-nitrate combustion techniques to 
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prepare Mn1.5Co1.5O4-δ-Ce0.9Pr0.1O2-δ (40:60) dual-phase membrane.150 Glycine-nitrate  

 
Figure 2.9 Scanning electron microscopy images (left column) and backscattered electron 

microscopy images (right column) of the grain morphology of Ce0.9Gd0.1O2-δ (GDC)-NiFe2O4 

(NFO) (40:60) prepared by the powder mixing using (a and b) mortar and pestle and (c and d) 

ball-milling; and (e and f) by an in-situ one-pot sol-gel route (Reproduced from ref. 134 with 

permission from Wiley). 

 

combustion is a common method to synthesize ceramic oxide powders with an atomic 

scale uniform composition and fine grain size, i.e., to obtain improved sintering 

effect.150,198 The powders obtained from rapid glycine-nitrate combustion were pressed 

into disk membranes followed by sintering at 1300 oC for 10 hours. Sintered disk 

membrane consisted of well-distributed grains of Mn1.5Co1.5O4-δ and Ce0.9Pr0.1O2-δ with 

the average grain size areas of 0.265 µm2 and 0.329 µm2, respectively. Zhu et al. studied 

the effect of preparation methods on dual-phase membranes. They synthesized 

Ce0.85Sm0.15O1.925 (SDC)-Sm0.6Sr0.4Al0.3Fe0.7O3 (SSAF) (75:25) dual-phase membranes 

using three different methods, i.e., EDTA-citrate (EC) sol-gel process, SSR method and 
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CP method.158 The two phases were most homogeneously mixed using EC method. 

SSR method gave the most inhomogeneous phases mixture. Nonetheless, composite 

obtained from EC method displayed the lowest total electrical conductivity and oxygen 

permeation flux whereas that obtained from SSR method showed the highest total 

conductivity and oxygen flux. Such discrepancy was attributed to the volume fraction 

of perovskite phase that was lower than the percolation threshold (30 wt. %) which 

becomes more important for homogenously mixed phases (EC case). For an 

inhomogeneous composite system (SSR case), on the other hand, continuous 

conduction network was likely to form over random sections within the membrane. 

 

2.2.2.4 Internal and external short circuit concepts 

�

Dual-phase or composite membrane is a manifestation of internal short-circuit concept 

given the separate pathways for the ionic and the electronic conductions within such 

membrane. Such approach combines the advantages of individual phases to attain high 

oxygen permeability and high chemical stability to acidic gas (CO2). One of its 

drawbacks lies in the relatively high amount of the individual phases required; for 

instance, at least 40 vol. % of each phase is necessary to form its continuous network 

across the membrane, particularly prepared by conventional preparation route with 

steps of mixing, pressing, and sintering. Moreover, numerous isolated areas may form 

within the membrane (marked by red circles in Figure 2.10(a)) which leads to ionic 

and electronic species blocked by each other and eventually low oxygen permeation 

flux. This isolation issue can be circumvented by increasing the amount of IC phase to 

its maximum (which is equivalent to decreasing the amount of EC phase to its minimum) 

while ensuring that both phases are still continuous. To this end, Figure 2.10(b) 

illustrates one of the possible design concepts as realized in Chen et al.’s work.199 They 

dispersed fiber-shaped PrBaCo2O5+δ (PBC) into SDC matrix. Only 20 vol. % of PBC 

phase was required in the dual-phase membrane to attain a relatively high oxygen 

permeability (for dual-phase membrane) of 0.56 mL min-1 cm-2 at 940 oC. Twenty 

percent by volume can be regarded as the lowest volume fraction of EC reported so far. 

What they illustrated essentially leads to the internal short-circuited membrane design 

with the lowest amount of electronic conducting pathway (and phase). Zhang et al. 

showed another good example of this minimum EC phase approach using SDC 
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membrane.200 A channel through the disk SDC membrane was first made by an ultra-

high speed drill, after which a thin Ag wire was implanted into the channel and sealed 

with silver paste. Single internal short circuit can provide the oxygen flux as high as 

those attained by putting a larger number of short-circuit wires through the membranes. 

Still along this approach, Joo’s group developed novel ‘internal short circuit’ concept, 

i.e., a modification of the traditional dual-phase membrane concept, which they defined 

as segmented structure.154,155 Instead of mixing the two ceramic powders together, they 

fabricated fluorite membrane (YSZ or GDC) with segmented electron conducting 

oxides (LSM) in the membrane, which manifested into the identical structure shown in 

Figure 2.10(b). Such segmented structure did not display the phase-to-phase reaction 

issue regularly observed in dual phase membranes such as GDC-LSM and YSZ-LSM 

enabled by the presence of numerous interfacial areas between the two phases that 

promotes such reaction.172,201 In membrane with segmented structure, there is a limited 

interfacial contact area between the two phases. Long-term constant performance of 

this segment membrane highlights its stability. 

 Another concept was recently devised to address the limited electronic 

conductivity of IC membrane via the external short circuit.202-205 Figure 2.10(c) 

represents the external short circuit approach. The electronic conductor layer (such as 

noble metal, EC, and/or MIEC) and metal sealant over the membrane surface are 

employed as an electron pathway from the high oxygen potential side to the low oxygen 

potential side. Relatively high oxygen permeation fluxes through the Ag decorated SDC 

membrane can be obtained at relatively low temperatures even at 600 oC by employing 

such approach using Ag.202 EC decoration on the surface has two functions. The first 

function is to provide external electron pathway so the electrons released from the 

surface oxygen exchange reactions at the permeate side can be shuttled to the other 

membrane surface to consume the coming electrons and complete the oxygen reduction 

from molecular state to the lattice oxygen. The second function specifically can be best 

achieved using MIEC materials that display high surface oxygen exchange reaction 

rates such as BSCF5582 and La0.8Sr0.2CoO3-δ.203,205 The utilization of MIEC for 

external short circuit approach is attractive to replace noble metal and to increase the 

oxygen permeability. Most perovskite-based MIEC materials nevertheless are not 

stable to acidic gas (CO2).205 However, in real applications, the feed side is in relatively 

mild gas atmosphere (pressurized air); thus these MIEC materials can be applied as the 

catalyst in the membrane surface in the feed side leaving the other membrane surface 
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side to use some CO2 tolerant materials. A recent work demonstrates the use of dual-

phase decoration over GDC membrane to generalize the extendibility of composite 

concept to external short-circuit approach.206 Figure 2.10(d) displays the structure of 

such dual-phase decoration that provides electronic conducting pathway and 

additionally, higher amount of triple-phase boundaries on the surfaces of the membrane 

(relative to regular EC decoration in Figure 2.10(c)). Besides the higher oxygen 

permeability, this approach provides advantages in terms of the lower amount of Ag 

required (relative to Ag decoration) and higher stability against CO2 (relative to MIEC 

decoration).  

  

 
Figure 2.10 Cross-section schematic diagram for (a) dual-phase membrane; (b) dual-phase 

membrane with minimum electronic conducting phase (internal short-circuit); (c) membrane 

with external short-circuit decoration; and (d) membrane with dual-phase external short-circuit 

decoration (Reproduced from ref. 206 with permission from Royal Society of Chemistry). 
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Despite the very low oxygen permeation fluxes demonstrated by the best 

performing membrane utilizing internal and external short circuit approaches, they have 

very high chemical stability that allows their application in membrane reactors such as 

syngas production from methane. Under such reaction conditions, the oxygen 

concentration gradient through the membranes is substantially larger than that 

employed in our permeation experiments (for pure oxygen production), i.e., 0.21 atm 

(air)/10-8 to 10-16 atm (reaction) as opposed to 0.21 atm (air)/10-3 atm (sweep) 

(permeation); thus allowing substantially higher oxygen fluxes to be attained. 

 

2.2.2.5 Recent status and advances 

�

Ce0.9Pr0.1O2-δ (CP)-Pr0.6Sr0.4Fe0.5Co0.5O3-δ (PSFC) (60:40) membrane was prepared via 

a one-pot sol-gel synthesis method and tested for its CO2 resistance.137 In-situ powder 

x-ray diffraction (XRD) between 30 and 1000 oC in CO2-containing atmosphere (CO2-

air = 50:50 vol.%) showed no carbonate formation on this composite and that CP phase 

retained cubic structure while PSFC phase underwent two phase transitions, e.g., from 

orthorhombic to rhombohedral at ca. 600 oC and from rhombohedral to cubic at ca. 800 
oC. In an earlier work, a cobalt-free Ce0.9Pr0.1O2-δ (CP)-Pr0.6Sr0.4FeO3-δ (PSF) (60:40) 

was synthesized and tested under the harsh partial oxidation of methane (POM) reaction 

condition and in a CO2 atmosphere.146 Unlike CP-PSFC, CP-PSF showed no phase 

transitions during in-situ powder XRD test in air. No carbonate formation was observed 

during in-situ XRD test in CO2-containing atmosphere (CO2-N2 = 50:50 vol. %). Using 

CO2 as the sweep gas at 950 oC, the O2 flux of a 0.6-mm thick membrane reached up 

to 0.22 mL min-1 cm-2 and then slightly decreased and stabilized at around 0.18 mL 

min-1 cm-2 for more than 100 hours. At POM reaction condition, the O2 flux of the 

membrane approached 4.4 mL min-1 cm-2 at 950 oC for 100 hours. The powder XRD 

pattern for the 100 hour-POM tested membrane indicated the retaining of the original 

two phases in the composite; highlighting the membrane stability in reducing 

atmosphere. Fang et al. developed Ce0.85Gd0.1Cu0.05O2-δ (CGC)-La0.6Ca0.4FeO3-δ (LCF) 

(75:25) membrane.61 Five percent (mole) of Ce in Ce0.9Gd0.1O2-δ was substituted by Cu, 

forming CGC with the aim to increase the ionic conductivity and to induce the p-type 

electronic conductivity as well as to improve the sintering behavior and densification 

of ceria. Since Cu-doped Ce0.9Gd0.1O2-δ showed larger grain size than Ce0.9Gd0.1O2-δ, 
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Cu can be considered to act as a sintering aid. Based on the electron energy loss 

spectroscopy, it can be found that the grain boundary in between CGC grains contains 

La, Ca and Fe with negligible amount of Cu; thus ruling out significant segregation of 

Cu in grain boundary. The membranes were prepared using one-pot method and powder 

mixing. In terms of surface morphology, the former membranes were much more 

homogeneous than the latter ones which consequently led to higher oxygen permeation 

fluxes for the former membranes. Cu doping can also be performed in the electronic 

conducting perovskite phase (instead of the ionic conducting phase), for example, to 

partially substitute Fe.145 Partial substitution of B-site cation with Cu was reported to 

enhance the oxygen permeation flux.207-209 In this context, dual-phase 

Sm0.5Sr0.5Cu0.2Fe0.8O3-δ (SmSrCF5528)-Ce0.8Sm0.2O2-δ (SDC) (40:60) and 

Sm0.3Sr0.7Cu0.2Fe0.8O3-δ (SmSrCF3728)-Ce0.8Sm0.2O2-δ (SDC) (40:60) membranes were 

prepared via EDTA-citric acid complexing sol-gel process. Powder X-ray diffraction, 

scanning electron microscopy, and energy dispersive X-ray analysis results revealed 

the formation of CuO phase on the surface of SmSrCF5528-SDC membrane. CuO 

phase disappeared with increasing Sr content (SmSrCF3728-SDC) and parallel increase 

in the unit cell of SmSrCF3728; suggesting that Cu was incorporated into the perovskite 

structure at larger Sr content. Relatively high oxygen fluxes of 1.12 and 1.15 mL min-1 

cm-2 were obtained at 1000 oC from SmSrCF5528-SDC and SmSrCF3728-SDC 

membranes, respectively. At 1000 oC, both membranes demonstrated good stability 

against CO2. Based on the Ellingham diagram,41 the stability of SrCO3 conceptually 

increases with decreasing temperature at constant CO2 partial pressure. Accordingly, at 

lower temperatures (i.e., 950 and 900 oC), a stabilization stage occurred before the 

oxygen fluxes can reach their stable values. This is likely related to the tendency for Sr 

to react with CO2 to form SrCO3 on the sweep side. A CuO layer appeared on the 

surface of the feed side of SmSrCF3728-SDC membrane which was caused by cationic 

counter-diffusion of Cu to the oxygen-rich side during permeation process. Regardless 

of the presence of CuO layer and Cu-depleted layer, a steady-state oxygen permeation 

flux was observed; the reasons of which requires further investigation. 

Balaguer et al. reported the Ce0.8Tb0.2O2-δ (CT)-NiFe2O4 (NF) (40:60 vol. %) 

membranes prepared by one pot method.140 Powder X-ray diffraction, energy dispersive 

X-ray spectroscopy and Raman spectroscopy demonstrated that CT-NF was stable in 

CO2 environment without reactions occurred between the two phases and CO2. 

Furthermore, relative to Ce0.8Gd0.2O2-δ (GDC)-NiFe2O4 (NF) (40:60 vol. %) membrane, 
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CT-NF exhibited larger oxygen permeation flux due to the higher p-type electronic 

conductivity of CT enabling the mixed ionic-electronic conducting behavior to occur. 

A similar work on Ce0.8Tb0.2O2-δ (CT)-NiFe2O4 (NF) (50:50 vol. %) displayed an O2 

flux of 0.13 mL min-1 cm-2 for a 0.59 mm-thick membrane under air/CO2 gradient.156 

Prolonged stability test under 100 % CO2 showed that the O2 flux progressively 

increased from 0.13 to 0.14 mL min-1 cm-2 during 40 hour-test. Similar improvement 

of O2 flux during long-term test under CO2 was reported by other studies.133,136,140,155 

Yun et al. suggested that the possible reason is the ‘electrode activation’ effect which 

is widely observed in SOFC field.155 The exact reason behind the O2 flux enhancement 

has not yet been clarified. For GDC-NF dual-phase membranes, Luo et al. developed 

Ce0.9Gd0.1O2-δ (GDC)-NiFe2O4 (NF) (40:60) via one-pot and powder-mixing 

methods.133,134 No carbonate was formed during in-situ powder X-ray diffraction 

between 30 oC and 1000 oC in an atmosphere containing 50 vol. % CO2 and 50 vol. % 

N2 (as well as 50 vol. % CO2 and 50 vol. % air). Another spinel structured MnCo2O4-δ 

possessing excellent electronic conductivity and structural stability, exhibited a thermal 

expansion coefficient (11.7 × 10‒6 K‒1) close to that of Pr-doped ceria Ce0.9Pr0.1O2-δ 

(10-11 × 10‒6 K‒1).210,211 Luo et al. synthesized dual-phase Mn1.5Co1.5O4-δ (MC)-

Ce0.9Pr0.1O2-δ (CP) (40:60) membrane.150 Powder X-ray diffraction results showed that 

Mn1.5Co1.5O4-δ was comprised of 57.9 wt. % cubic MnCo2O4-δ and 42.1 wt. % tetragonal 

Mn2CoO4-δ. The highest O2 flux of 0.48 mL min-1 cm-2 was obtained through a 0.3 mm-

thick membrane at 1000 oC under air/CO2 gradient. The membrane could operate for at 

least 60 hours under pure CO2 at 1000 oC without degradation; maintaining an O2 flux 

of 0.2 mL min-1 cm-2 within this period. Zhu et al. made Ce0.8Sm0.2O1.9 (SDC)-

SmMn0.5Co0.5O3 (SMC) (75:25) and Ce0.8Sm0.2O1.9 (SDC)-Sm0.8Ca0.2Mn0.5Co0.5O3 

(SCMC) (75:25) and studied their stability under CO2.138 They found that SDC-SCMC 

showed a higher O2 flux at 940 °C yet a lower O2 flux at 850 °C (relative to SDC-SMC). 

The decreased O2 flux at lower temperature was due to the stronger CO2 adsorption on 

the membrane surface. Ca2+ doped SmCoO3-δ is envisioned to have higher CO2 stability 

but lower flux (relative to SmCoO3-δ). A dual phase membrane comprises of 75 wt. % 

SDC and 25 wt. % Sm1-xCaxCoO3-δ was developed to investigate Ca2+ doping effect.152 

Two compositions, i.e., Ce0.8Sm0.2O2-δ (SDC)-Sm0.8Ca0.2CoO3 (SCC82) (75:25) and 

Ce0.8Sm0.2O2-δ (SDC)-Sm0.6Ca0.4CoO3 (SCC64) (75:25) were studied. At lower 

temperatures (i.e., 800-875 oC), for both membranes, the O2 fluxes were lower when 

pure CO2 was used as sweep gas, compared to pure He as sweep gas case. However, 
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the O2 flux increased under pure CO2 at higher temperatures (875-950 oC). This trend 

can be explained by the weaker CO2 adsorption at higher temperature. Both SDC-

SCC82 and SDC-SCC64 membranes showed stable O2 fluxes under pure CO2 for at 

least 100 hours. SDC-SCC64 and SDC-SCC82 membranes exhibited O2 flux of 0.16 

and 0.19 mL min-1 cm-2, respectively. Li et al. further compared the oxygen permeation 

behaviors of Ce0.8Sm0.2O2-δ-Sm0.6Ca0.4CoO3-δ (SDC-SCC) and Ce0.8Sm0.2O2-δ-

Sm0.6Ca0.4FeO3-δ (SDC-SCF).73 Two different composites were made for each 

composite type, resulting in 4 composites, i.e., SDC-SCC (75:25), SDC-SCC (67:33), 

SDC-SCF (75:25), and SDC-SCF (67:33). Co containing membranes displayed 

significantly higher O2 flux than Fe containing membranes. Upon comparing SDC-SCC 

(75:25) to SDC-SCC (67:33), the O2 flux of the latter was almost 4 times that of the 

former. This is due to the fact that 25 wt. % SCC did not provide the sufficient electronic 

conductivity and catalytic activity as 33 wt. % SCC did. Still, SDC-SCF (75:25) showed 

higher O2 permeability than SDC-SCF (67:33) due to the lower O2 permeability of SCF 

(compared to SDC). Despite the discrepancy in the oxygen fluxes observed for these 

four membranes, all of them showed excellent stability during 100 hour-operation using 

CO2 as the sweep gas. Jiang et al. doped the electronic conducting phase PrBaCo2-

xFexO3-δ (PBC2-xFx)into GDC to fabricate a dual-phase membrane GDC-PBC2-xFx 

(60:40).135 Earlier, it was found that the fluorite structure SDC can enhance both the 

oxygen permeability and structural stability of PrBaCo2O5+δ (PBC) membrane.183 In the 

case of GDC-PBC2-xFx, the introduction of Fe (x = 1.5) can improve the oxygen flux 

by ~1.7 times than GDC-PBC. For example, the GDC-PBC0.5F1.5 showed the oxygen 

flux of 0.36 mL min-1 cm-2 at 925 °C with pure CO2 as the sweep gas. A ZnO doped 

Gd0.1Ce0.9O1.95-δ membrane was reported recently.136 The Al0.02Ga0.02Zn0.96O1.02 (AGZ)-

Gd0.1Ce0.9O1.95-δ (GDC) (50:50 vol. %) dual-phase membrane showed chemical 

stability against CO2. By doping a slight amount of Al and Ga, ZnO exhibits excellent 

electronic conductivity in the membrane without sacrificing the ionic conductivity of 

GDC. Moreover, ZnO is chemically stable in CO2 at high temperatures due to the 

decomposition of ZnCO3 at above 200 °C in air. At 860 and 940 °C, a stable O2 flux 

was proven for over 500 hours with pure CO2 as the sweep gas. To further enhance the 

oxygen ion conductivity of Ce0.8Gd0.2O2-δ, Pr can be used to substitute half of the 

original Gd to form Pr0.1Gd0.1Ce0.8O2-δ.212 Pr0.1Gd0.1Ce0.8O2-δ (PGC)-CoFe2O4 (CF) 

(50:50) membrane was fabricated to evaluate its oxygen permeation behavior in CO2 

atmosphere.159 The O2 flux was found to gradually increase within the first 100 hours 
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before reaching its steady value of 0.36 mL min-1 cm-2 for the next 100 hours. Compared 

with Gd and Sm, Nd-doped ceria is reported to exhibit the highest ionic conductivity.164 

Recognizing this fact, Luo et al. developed a Ce0.9Nd0.1O2-δ (CN)-Nd0.6Sr0.4FeO3-δ (NSF) 

(60:40) dual-phase membrane which showed excellent chemical stability under CO2.141 

A stable oxygen flux of 0.48 mL min-1 cm-2 under CO2 atmosphere was obtained with 

a porous La0.6Sr0.4CoO3-δ coating on the 0.6 mm membrane. In-situ powder X-ray 

diffraction between 30 and 1000 oC of the dual-phase membrane in a CO2 containing 

atmosphere dismissed the existence of carbonate and phase transition; suggesting that 

the dual-phase membrane is thermally and chemically stable in CO2. Further on, the 

incorporation of Al dopant at B-site was reported to increase the thermochemical 

stability under reducing atmosphere.213,214 The oxygen permeability can also be 

enhanced by such Al incorporation at B-site. Nd0.6Sr0.4Al0.2Fe0.8O3-δ (NSAF6428)-

Ce0.9Nd0.1O2-δ (CN91) (40:60)�and Nd0.5Sr0.5Al0.2Fe0.8O3-δ (NSAF5528)-Ce0.8Nd0.2O2-δ 

(CN82) (40:60) were developed and their oxygen permeation properties were studied 

under He and CO2 atmosphere.157 Higher Sr content composition (NSAF5528-CN82) 

exhibited higher O2 flux than the lower Sr content composition (NSAF6428-CN91) 

irrespective of whether He or CO2 was used as the sweep gas. The O2 flux of 

NSAF5528-CN82 however decreased from 0.24 to 0.19 mL min-1 cm-2 at 900 oC during 

130 hour-test under CO2. In NSAF6428-CN91 case, stable O2 flux of 0.15 mL min-1 

cm-2 at 900 oC was maintained for at least 100 hours. These results denote the negative 

effect of Sr towards the stability under CO2 atmosphere. A novel cobalt-free dual-phase 

membrane with a composition of Ce0.8Sm0.2O2-δ (SDC)-Ba0.95La0.05Fe1-xZrxO3-δ (BLF1-

xZx) (60:40) were developed as oxygen permeable membranes for oxy-fuel 

combustion.142 The substitution of Fe by Zr reduced the basicity of BLF1-xZx as is 

evident from X-ray photoelectron spectra; thus enhancing the stability of the dual-phase 

membrane under CO2. For a 1.0 mm thick membrane with 15 % Zr doping (SDC-

BLF0.85Z0.15), when pure CO2 was applied as the sweep gas at 925 oC, a stable oxygen 

flux of 0.24 mL min-1 cm-2 was obtained for more than 80 hours. The oxygen 

permeation behaviors under CO2 for a similar dual-phase material series Ce0.8Gd0.2O2-

δ (GDC)-Ba0.95La0.05Fe1-xNbxO3-δ (BLF1-xNx) (60:40) were studied by Cheng et al..144 

Oxygen flux of approximately 0.19 mL min-1 cm-2 was displayed by GDC-BLF0.9N0.1 

for 95 hours at the same condition (under pure CO2 sweep gas). It is quite 

counterintuitive that the oxygen permeation flux of GDC-BLF1-xNx membrane could 

not be fully recovered after the sweep gas was changed from CO2 to He, unlike the full 
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recovery observed for SDC-BLF1-xZx membrane, despite the absence of carbonate 

formation in both cases. For example, the oxygen flux of GDC-BLF0.85N0.15 was 0.23 

mL min-1 cm-2 in pure He during the first 10 h, but after 30 h under CO2-containing 

sweep gas, the oxygen flux became 0.18 mL min-1 cm-2 when the sweep gas was 

changed from CO2 to He. There was no explicit explanation given for this phenomenon, 

particularly for the oxygen flux decrease with increasing CO2 concentration (from 15% 

to 100%). Very recently, a highly stable dual-phase Y0.8Ca0.2Cr0.8Co0.2O3 (YCCC)-

Sm0.2Ce0.8O1.9 (SDC) (50:50) membrane was developed for oxygen separation in harsh 

operation conditions.143 The membrane was composed of Ca- and Co-doped yttrium 

chromite (YCCC) and samarium doped ceria (SDC). Generally, chromite-based 

ceramic is difficult to be densified by sintering due to the formation of thin Cr2O3 layers 

at the inter-particle neck at the beginning of sintering. In their work, low melting point 

cobalt dopant was used to lower the sintering temperature by forming liquid phase 

during sintering. The relative density of the sintered YCCC-SDC was over 97 % (gas-

tight) after being sintered at 1400 oC, in contrast to the highly porous structure of YCC-

SDC without Co-doping that featured poor sintering characteristics. The oxygen 

permeation flux was as high as 6.7 mL min-1 cm-2 at 950 oC for a 1.3 mm-thick 

membrane when the forming gas (i.e., 3 vol. % H2 and 97 vol. % N2) was used as the 

sweep gas. When 50 vol. % CO2 was introduced into the forming gas, the oxygen flux 

decreased to 3.08 mL min-1 cm-2 with the degradation rate of less than 2 % during the 

350-hour test. Moreover, after the 350-hour test with the co-existence of H2 and CO2, 

the membrane showed no phase decomposition and carbonate formation as evidenced 

by powder XRD patterns. It should be noted that the very high oxygen flux (of 6.7 mL 

min-1 cm-2 at 950 oC) was ascribed to the 3 % H2 in the sweep gas. Moreover, under 

reducing condition, the electronic conductivity of SDC can be more dominant than its 

ionic conductivity which also contributes to such high oxygen flux.215,216 The work of 

Yoon and Marina showed that without H2 in the sweep gas, the oxygen flux was very 

low, only 0.34 mL min-1 cm-2. 

Kharton et al. reported that the oxygen permeation flux through GDC/LSM 

composites was 10 times lower than that expected due to the inter-diffusion of the 

constituents.172 However, another work on Ce0.9Gd0.1O2-δ (GDC)-La0.7Sm0.3MnO3±δ 

(LSM) (80:20 vol. %) dual-phase membrane demonstrated that O2 flux can be increased 

substantially by applying surface decoration and lowering the LSM content to 20 

vol. %.147 Without surface decoration, the bare GDC-LSM (80:20 vol. %) displayed 
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identical O2 flux relative to GDC membrane. The presence of La0.6Sr0.4CoO3-δ (LSC) as 

the surface decoration on feed side led to marginal increase in the O2 flux. However, 

the increase was improved by an order of magnitude when LSC decoration was present 

on permeate side. The more significant oxygen flux enhancement by permeate side 

decoration indicates that the oxygen surface reaction in the permeate side was the rate 

limiting step. Furthermore, coating LSC porous layer on both sides further increased 

the O2 flux of GDC-LSM membrane, i.e., by 3 orders of magnitude at 800 oC compared 

with the values of bare membrane, which can be attributed to the formation of electrical 

short circuit via LSC layer and LSM.147 However, LSC-decorated dual-phase 

membrane showed low stability under CO2 atmosphere due to the decomposition of 

LSC to a Ruddlesden-Popper phase (i.e., (LaSr)2CoO4) and the reaction of CO2 with 

the segregated SrO.147 The oxygen permeation flux of the dual-phase membrane made 

of GDC and LSM phases can be further enhanced by applying hierarchically porous 

structure.148 A bilayer dual-phase membrane with a dense Ce0.9Gd0.1O1.95 (GDC)-

(La0.8Sr0.2)0.95MnO3-δ (LSM) (60:40 vol. %) layer and hierarchically porous GDC-LSM 

support was fabricated by a combined freeze-drying tape-casting and screen-printing 

method. The dense film layer was about 30 µm-thick to minimize the bulk diffusion 

resistance. A 870 µm-thick porous top layer with a porosity of 41.6 % was present on 

top of the dense layer to enhance to the oxygen exchange rate on feed side. The O2 flux 

of this bilayer membrane was improved by 81 % relative to the 900 µm-thick dense 

GDC-LSM membrane. Such increment implied that the oxygen transport process was 

limited by the surface exchange reaction. By depositing a porous SDC-LSCF6428 layer 

on the permeate side, the oxygen permeation flux was enhanced by 600 % relative to 

the GDC-LSM membrane without surface deposition, i.e., from 0.105 to 0.780 mL min-

1 cm-2. After switching the sweep gas from He to CO2, an O2 permeation flux of 0.659 

mL min-1 cm-2 could still be achieved.148 Park and Choi reported similar observation 

that, using LaCrO3 porous layer, oxygen flux of yttria-stabilized zirconia (YSZ) was 

enhanced by ~4 times with permeate-side surface modification and by ~1.4 times with 

feed-side surface modification.217 A site-deficient Sr0.97Ti0.5Fe0.5O3-δ, which has been 

reported to be highly stable against CO2,105 was decorated on the membrane surface. 

The oxygen flux was decreased by only 12.5 % from 0.32 to 0.28 mL min-1 cm-2 over 

93 hour-operation under pure CO2. The stability against CO2 was significantly 

enhanced although at the expense of oxygen flux. The chemical stability could be 
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further improved using SFT-GDC (50:50 vol. %) as the decoration material for which 

the O2 flux stabilized to 0.44 mL min-1 cm-2 after 93 h operation in CO2 atmosphere. 

This work provides an effective method to improve the O2 permeation flux and 

chemical stability of membranes under CO2 atmosphere. Another related work is 

Ce0.8Sm0.2O2-δ (SDC)-PrBaCo2O5+δ (PBC) (60:40 vol. %) dual-phase membrane,184 

based on which it was found that SDC-PBC (50:50 vol. %) surface decoration can 

contribute towards 26 % improvement of O2 flux. Ce0.8Sm0.2O2-δ (SDC)-La0.9Sr0.1FeO3-

δ (LSF) (70:30 vol. %) dual-phase membrane was also developed by Wang et al..149 

They mentioned that cobalt-containing perovskites have structural instability while 

chromium within chromium-containing perovskites can easily evaporate at high 

temperature. By utilizing LSF, the membrane showed excellent stability without any 

performance degradation at 900 oC with CO2 as sweep gas for 150 hours. The ionic 

inter-diffusion between SDC and LSF was probed using inductively coupled plasma 

atomic emission spectrometry (ICP-AES). The results showed that Sm, La, and Fe were 

co-doped into CeO2 in the dual-phase membrane. The tested CeO2 phase had chemical 

composition of Ce0.774(Sm0.132La0.087Fe0.007)O2-δ. Such co-doped CeO2 was conceived 

to have enhanced conductivity which contributed positively towards the oxygen 

permeability of the dual-phase membrane.  

Transition metal oxide such as Fe2O3 can also be used as electronic conductor 

phase in dual-phase membranes. A O2 flux of 0.18 mL min-1 cm-2 could be achieved 

through 0.5 mm-thick Fe2O3 (FO)-Ce0.9Gd0.1O2-δ (GDC) (40:60) membrane under an 

air/He gradient at 1000 oC.151 After depositing a porous LSC layer on the surface of the 

feed side, a steady O2 flux of 0.2 mL min-1 cm-2 was detected for more than 150 h using 

pure CO2 as the sweep gas, indicating that the coated FO-GDC membrane was CO2 

stable. 

 

2.2.3 Other materials 

�

Another type of materials which belongs to the K2NiF4 family also shows potential in 

terms of stability to CO2. La2NiO4+δ is one of the main examples. The substantial 

interest on La2NiO4+δ originates from its relatively low thermal expansion coefficients 

(11.9-13.8 x 10-6 K-1) compared to perovskite oxides and its distinct crystal structure 

which consists of alternating perovskite-like and rock-salt-like layers along the c-axis 
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(Figure 2.11).40 At elevated temperatures, the oxygen transport through this compound 

mainly takes place via a 2-dimensional interstitial oxygen diffusion in the rock-salt 

layers. La2NiO4+δ, however, exhibits a much lower oxygen flux relative to the 

benchmark perovskite oxide material such as Ba0.5Sr0.5Co0.8Fe0.2O3-δ. Klande et al. also 

found that the partial substitution of 10 mole % Ni in La2NiO4+δ by various cations, i.e., 

Al, Co, Cu, Fe, Mg and Zr diminish the original oxygen flux (of non-doped material).40 

U-shaped K2NiF4 hollow fiber membranes based on (Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+δ 

material was synthesized by a phase-inversion spinning/sintering process.42,218 Ni, Cu, 

and Ga were incorporated to this composition to increase the CO2 resistance in accord 

with the facts that NiCO3 is less stable than La2(CO3)3, La2O2CO3, and Pr2(CO3)3 (as 

deduced from Ellingham diagram), CuCO3 is not stable above ambient temperature and 

Ga2(CO3)3 is rarely known to form (at least under the reported conditions). The fiber 

retained its original structure during in-situ powder x-ray diffraction under CO2 

atmosphere from room temperature to 1000 oC. Compared with disk 

(Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+δ disk membrane, the O2 flux of this U-shape hollow 

fibre was significantly higher (0.32 versus 0.9 mL min-1 cm-2 under pure CO2).219 By 

substituting Pr with Nd, O2 flux was further enhanced under the same test conditions.220 

Xue et al. found that the A-site deficient (Pr0.9La0.1)1.9(Ni0.74Cu0.21Ga0.05)O4+δ exhibited 

O2 flux of more than two times higher than that of (Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+δ 

without any evidence of reduced CO2 resistance.221 Since Nd and Al are considered to 

be cheaper than Pr and Ga, (Nd0.9La0.1)2(Ni0.74Cu0.21Al0.05)O4+δ was then developed 

which was also stable to pure CO2 up to 975 oC.222 Similarly, a sandwich structured 

(Pr0.9La0.1)2(Ni0.74Cu0.21Nb0.05)O4+δ was also tested as CO2 resistant oxygen permeation 

membrane.223 The performance details of the above materials are also listed in Table 

2.3.40,42,219-222 
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Figure 2.11 Crystal structure of a typical K2NiF4 material, La2NiO4+δ; consisting of alternating 

perovskite layers and rock-salt layers along the c-axis. The arrows indicate interstitial oxygen 

diffusion through the rock-salt layers (Reproduced from ref. 40 with permission from Elsevier). 

 

2.3 CO2-resistant oxygen-selective mixed ionic-electronic conducting 

membranes: engineering approaches 
Besides the chemical and structural modification approach to enhance CO2 resistance, 

engineering approach such as surface decoration can also be applied. Surface 

decoration has been frequently used in solid oxide fuel cell (SOFC) field to enhance the 

cathode performance or stability in harsh atmosphere.224-228 Within the context of 

increasing the oxygen permeation flux by enhancing the surface exchange reaction rate, 

for example, La1-xSrxCoO3-δ were often deposited as porous layer on dense membrane 

surface.133,136,141,147,154,229 A previous study demonstrated that the oxygen permeation 

flux of a 120 µm-thick BSCF5582 membrane with a 6.5 µm-thick porous layer was 3.6 
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times that of the BSCF5582 membrane without such layer.230 Weight relaxation curves 

established higher surface exchange rate (kchem) in the presence of porous layer coating; 

indicating that the larger reaction area of the porous coating promoted faster surface 

exchange. Other coating materials such as silver (Ag), platinum (Pt), Sm0.5Sr0.5CoO3-δ, 

SDC, LaNiO4+δ, LSCF6428, SrCo0.8Fe0.2O3-δ, SrCo0.9Nb0.1O3-δ, La0.5Sr0.5FeO3-δ, and 

La1-xSrxFe1-yGayO3-δ have also been applied as surface decoration on oxygen 

permeation membranes.128,130,203,204,231-238 The studies involving these aforementioned 

surface decorations were nonetheless focused into oxygen permeation properties in 

normal air to inert sweep gas gradient, i.e., in the absence of CO2. Still, surface 

decoration can be applied to design CO2-resistant membrane via proper choice of 

decoration materials that are stable to CO2. 

 Development of CO2-protective layers on the surfaces of membranes is an 

effective route to obtain CO2-resistant membranes. CO2-resistant layer can simply be 

coated onto the membrane surfaces. Zhang et al.’s work provides such example.239 

They made a bi-layer structure Ba0.5Sr0.5Co0.8Fe0.2O3-δ-Pr0.5Ce0.5O2-δ (BSCF5582-PrCe) 

membranes by wet spraying PrCe ink (i.e., a pre-milled mixture of isopropyl alcohol, 

ethylene glycol, glycerol, and PrCe) onto BSCF5582 membrane followed by 

calcination. PrCe layer was CO2-resistant as confirmed by Fourier-Transform Infra-

Red and CO2-temperature programmed desorption results. The oxygen permeation test 

under CO2-containing atmosphere (10 vol. % CO2 in He) showed a flux of around 1.35 

mL min-1 cm-2 at 850 oC. At the same temperature, the flux was 1.6 mL min-1 cm-2 under 

pure helium. The retainment of relatively large portion of oxygen flux even after CO2 

was introduced to the sweep gas was most likely due to the weak adsorption of CO2 

onto the PrCe surface. Another example is the coating SrFe0.8Nb0.2O3-δ (SFN) nano-

sized layer onto BSCF5582 membrane.240 SFN has been proven as a perovskite that has 

high chemical stability against CO2.62 The resultant membrane maintained stable 

oxygen flux in CO2-containing atmosphere at 850 oC. Spray pyrolysis method can also 

be used to make dense CO2-resistant layer.241 Spray pyrolysis is considered as a scalable 

and low-cost process. Furthermore, the morphology and chemical composition can be 

controlled via appropriate selection of solvents, precursor concentrations, droplet sizes, 

and deposition temperatures.241,242 The 250 nm-thick GDC protective layer on the 

permeate side prevented the formation of strontium carbonate on LSCF6428 membrane; 

thus the O2 flux of the protected LSCF6428 showed no decrease when CO2 was 

introduced in the sweep gas. He et al. fabricated a sandwich structure LSCF6428 
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membrane containing a dense LSCF6428 layer in the center and two porous LSCF6428 

layer on the opposite surfaces.243 GDC particles were coated onto the porous LSCF6428 

layers by impregnating the membrane with gadolinium nitrate (Gd(NO3)3) and cerium 

nitrate (Ce(NO3)3) solution mixture. After being heated at 900 oC for 1 hour to remove 

the nitrate ions and organics and form fluorite phase. Their powder X-ray diffraction 

patterns confirmed the formation of GDC on the LSCF6428 surface. GDC particle 

modification simultaneously improved the surface exchange kinetics and enhanced the 

chemical resistance of LSCF6428 membrane as evidenced by long-term stability under 

CO2-containing atmosphere for 100 hours. Using the same method, a sandwich 

structured (Pr0.9La0.1)2(Ni0.74Cu0.21Nb0.05)O4+δ (PLNCN) was modified by GDC 

particles on the porous layer.223 By doing such GDC modification, the O2 flux of the 

ultrathin (5-6 µm) PLNCN membrane reached up to 4.22 mL min-1 cm-2 at 950 oC with 

100 mL min-1 He sweep gas flow. During the subsequent 200 hour-test under pure CO2 

at 900 oC, this membrane demonstrated stable oxygen permeation fluxes of 3.22 mL 

min-1 cm-2. Unlike the dense GDC layer reported in the work of García-Torregrosa et 

al.,241 the GDC particles on the porous layers contributed to the higher surface exchange 

rate and the resultant higher oxygen permeation flux. Likewise, Zhang et al. also 

demonstrated this concept by coated a 100 nm-thick SDC dense layer onto BSCF5582 

surface.244 With such CO2-resistant SDC dense layer, the membrane displayed a stable 

oxygen flux for at least 60 hours when 10 vol. % CO2 + 90 vol. % He was used as the 

sweep gas, in contrast to BSCF5582 membrane without coating that showed continuous 

decrease in CO2-containing sweep gas. In addition, the protective layer can also be 

made of the same material as the dense layer. A research work on SrFe0.95W0.05O3-δ 

membrane, for example, was carried out to study the effect of surface decoration on the 

stability of membrane in CO2 atmosphere.245 The test results indicated enhancement of 

CO2 stability for the doped SrFe0.95W0.05O3-δ by decoration of protective layer. 

Moreover, by decorating porous layer and silver particles on the permeate side, the 

oxygen flux under helium was increased due to the enhanced oxygen desorption process. 

Furthermore, the protective porous layer obstructed the circulation of CO2 in pores; 

preventing the complete blockage of the surface by the strontium carbonate. This factor 

contributed to minimize the degradation rate of oxygen fluxes.  
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2.4 Performance overview 
�

Single-phase perovskite-based membranes especially barium and cobalt containing 

perovskites generally have higher O2 permeation flux than dual phase membranes. In 

Table 2.1, most of Ba and Co-containing perovskite compositions display fluxes higher 

than 1.0 mL min-1 cm-2 in inert gas-containing sweep gas atmosphere. The highest O2 

flux was exhibited by BaBi0.05Co0.8Ta0.15O3-δ membrane.67 Its O2 flux could reach up to 

3.57 mL min-1 cm-2 for a 0.8 mm-thick BaBi0.05Co0.8Ta0.15O3-δ membrane at 950 oC 

under an air/He oxygen gradient. BaCoxFeyNb(Zr)O3-δ perovskites also displayed high 

O2 flux of around 1 mL min-1 cm-2 for its 1 mm-thick disk membrane at 900 oC using 

He as the sweep gas.30,39,65 O2 flux decreased to as low as 0.12 mL min-1 cm-2 at 900 oC 

for 0.85-mm thick BaFe0.65Nb0.35O3-δ membrane at 900 oC using He as the sweep gas, 

which highlights the fact that the high redox activity of Co promotes high O2 

permeability.30  However, when pure CO2 was used as the sweep gas, O2 flux degraded 

to zero due to the formation of BaCO3 that fully covered the membrane surface, 

especially at lower temperatures.30,246 Complete replacement of Ba by Sr or La in 

addition to reduction of Co content effectively enhanced CO2 resistance. For example, 

SrFe0.8Nb0.2O3-δ membrane could maintain 0.31 mL min-1 cm-2 O2 flux at 900 oC for at 

least 210 hours using pure CO2 as sweep gas62 whereas for BaCo0.6Fe0.2Nb0.2O3-δ 

membrane at the same conditions, O2 flux was reduced to almost negligible value.30 

Likewise, LSCF6428 and Pr0.6Sr0.4Co0.2Fe0.8O3-δ membrane could maintain stable O2 

flux for more than 90 hours while for BSCF6428 membrane, the O2 flux started to 

degrade immediately after CO2 was introduced.27,70,72 

 Although appropriate selection of A and B-site cations components can improve 

CO2 resistance, performance deterioration is inevitable in pure CO2 atmosphere.53,69,123 

An attractive alternative to perovskite that has been widely studied is K2NiF4-based 

materials. Examples of these materials are La2NiO4+δ and doped La2NiO4+δ such as 

(Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+δ and (Nd0.9La0.1)2(Ni0.74Cu0.21Al0.05)O4+δ membranes. 

They have been proven to be completely CO2-resistant during long-term operation in 

CO2 atmosphere.40,42,219-222 K2NiF4-based materials have better stability but lower O2 

permeability than perovskite materials. For example, O2 flux of a 0.66 mm-thick 

(Pr0.9La0.1)1.9(Ni0.74Cu0.21Ga0.05)O4+δ membrane was only 0.66 mL min-1 cm-2 at 900 oC 

under an air/CO2 oxygen gradient.221 
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 Dual-phase membranes generally have better stability than perovskite 

membranes. Table 2.2 summarized the performances of CO2-resistant dual-phase 

membranes. After CO2 exposure, these membranes did not show evidence of phase 

change and carbonate formation. These dual-phase membranes normally displayed less 

than 1 mL min-1 cm-2 at 950 oC when CO2 was used as sweep gas. The main reason for 

the low O2 flux is the large amount of fluorite phase such as Ce0.8Tb0.2O2-δ, Ce0.9Pr0.1O2-

δ, Ce0.8Sm0.2O2-δ, Ce0.9Gd0.1O2-δ, Y0.08Zr0.92O2-δ, and Ce0.8Nd0.2O2-δ; all of which have 

very low O2 permeability due to the limited electronic conductivity. It is worth 

repeating that when the electronic conducting phase with low or negligible ionic 

conductivity is used, the oxygen ionic conducting path is blocked. This leads to lower 

oxygen flux relative to the case using the mixed ionic-electronic conducting phase. To 

take NiFeO4 (NF)-Ce0.8Tb0.2O2-δ (CT) (60:40 vol. %) as an example on which NF 

electronic conductor was used, its O2 flux at 900 oC swept by CO2, was only 0.14 mL 

min-1 cm-2.140 In Ce0.9Pr0.1O2-δ (CP)-Pr0.6Sr0.4Fe0.5Co0.5O3-δ (PSFC) (60:40 wt. %) case 

which includes MIEC PSFC phase, on the other hand, its O2 flux was 0.7 mL min-1 cm-

2 at 950 oC.137 Such value is among the highest fluxes observed for dual-phase 

membranes. 

 

2.5 Degradation behavior and mechanism probing 
The simultaneous use of several spectroscopy techniques to probe the degradation 

processes during membrane exposure to CO2 is a powerful method as demonstrated by 

Yi et al..30 In their work on BaCo0.4Fe0.4Nb0.2O3-δ (BCFN), powder X-ray diffraction 

(XRD), scanning electron microscopy (SEM, including back scattered electron (BSE) 

imaging), energy dispersive X-ray (EDX) analysis (including elemental mapping) and 

scanning transmission electron microscopy (STEM, including electron energy loss 

spectroscopy (EELS), high-angle annular dark field (HAADF) imaging, and selected 

area electron diffraction (SAED) pattern) were combined. Powder XRD for BCFN 

annealed at 900 oC in CO2 showed the formation of BaCO3 and CoO. SEM and STEM 

(Figure 2.12(a)) revealed the formation of a top carbonate layer mainly consisting of 

BaCO3 followed with a porous layer containing BSCF5582 layer which was depleted 

of Co and enriched in Fe and Nb as well as CoO on top of the unaffected bulk perovskite 

layer. SAED (Figure 2.12(a)) showed major reflections from the main cubic phase of 

Co-depleted BCFN phase together with minor reflections from BaCO3 (indicated as b) 



58 
�

 

 
Figure 2.12 Characterization of BaCo0.4Fe0.4Nb0.2O3-δ membranes exposed to CO2 at 900 oC; 

(a) Scanning transmission electron microscopy high-angle annular dark field micrograph of 

porous layer (left) and electron diffraction pattern (right) along [334] zone axis of the perovskite 

phase (b and c represent BaCO3 and CoO phase, respectively) – after 2 hours; (b) back-scattered 

electron microscopy (BSEM) image of the cross-section of the membrane initially deposited 

with gold particles on its top surface – after 90 hours; (c) BSEM image and (d) elemental 

mapping of the cross-section of the membrane – after 240 hours; (e) Cation composition as a 

function of sample depth from scanning electron microscopy-energy dispersive x-ray analysis 

– after 240 hours; and (f) The plot of the square of the thickness of the decomposed layer versus 

the exposure time (linear plot indicates the adequacy of the parabolic rate law to describe the 

decomposition process) (Reproduced from ref. 30 with permission from American Chemical 

Society). 

 

and CoO (indicated as c). The gold particles which were deposited on the surface of 

BCFN prior to the CO2 exposure became embedded between the carbonate layer and 

the porous layer which indicates the outward growth of BaCO3 at the surface (Figure 

2.12(b)). BSE image and elemental mapping of BCFN annealed at 900 oC in CO2 for 

10 days (Figure 2.12(c) and (d)) confirmed the retaining of previous morphology (with 

larger thickness for each layer) at longer exposure time. The variation of the cation 

composition with the depth of the membrane (from the boundary of the carbonate layer 

and porous layer to the bulk) was obtained using SEM-EDX (Figure 2.12(e)). Despite 

the variation in Co, Fe and Nb, the ratio between A and B cations remained constant. 

The authors also found that the thickness of both layers, i.e., carbonate and porous 

increased with CO2 annealing time following a simple parabolic rate law (Figure 
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2.12(f)) which suggests that the process is a diffusion-controlled one. They proposed 

that during the decomposition, initially BaCO3 formed on the surface (and grew 

outward) while the layer below became depleted in Ba due to diffusion of Ba2+ from 

the bulk layer to the surface. This resulted in the precipitation of CoO to form Co-

depleted porous layer. At the outer surface, Ba2+ reacted with CO2 and O2 in the 

presence of electron to form BaCO3 (instead of reacting within the porous layer which 

requires O2 and CO2 to diffuse into the layer; as summarized in Eq. (2.14)). 

 

Y>5% + Z5% + 4Y>[:.]^_:.]QZ:.%56`a ⟶ Y4Y>56 + c>[5 + 1 −

Y 4Y>[(:.]`d)^_(:.],e)QZ(:.%,d`e)56`af                  (Eq. 2.14) 

 

In this work, Yi et al. also studied the effect of increasing the content of Fe or Nb on 

BaCo1-x-yFexNbyO3-δ (x = 0.2-0.8, y = 0.2-0.5). Increasing Fe or Nb resulted in higher 

CO2 resistance and reduced oxygen permeation flux, i.e., the trade-off problem we 

mentioned earlier. Notably, incorporating cations with high oxidation state affects the 

oxygen non-stoichiometry, i.e., decreasing the oxygen non-stoichiometry according to 

charge neutrality criterion and strengthening the metal-oxygen bonding; both of which 

inhibit the formation of oxygen vacancies and therefore, high oxygen ionic conductivity. 

Zhou et al. also investigated the degradation and recovery mechanisms of BCFN 

perovskite.246 They observed the same phase and microstructure change of the BCFN 

membranes after annealed under pure CO2 at 850 oC for 10 hours. They further tested 

the recovery of BCFN membranes under permeation conditions by using pure CO2 as 

the sweep gas, followed by switching the sweep gas to 5 vol. % CO2 in He. After 

applying 5 vol. % CO2 in He for 60 hours, the fully covered BaCO3 top layer broke; 

generating pores and cracks on the surface. The O2 flux could be partially recovered at 

the end of the 60 hour-permeation test. The main contributor to the carbonate layer 

decomposition and the partial O2 flux recovery is the fast exchange of oxygen ions 

between BCFN and carbonate, which possibly leads to a dynamical equilibrium of 

carbonate decomposition and formation. The presence of O2 in the sweep gas restrained 

the carbonate formation through competitive adsorption of O2 and CO2 on the BCFN 

surface and stabilized the cubic perovskite structure. 

Another example of excellent work using STEM in combination with EDX 

mapping and EELS is the work of Ravkina et al..44 Figure 2.13(a)-(d) shows the  
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Figure 2.13 Characterization of the sweep side of SrCo0.8Fe0.2O3-δ membrane after exposure to 

CO2 at 900 oC for 30 hours; (a) Scanning transmission electron microscopy (STEM) image; (b) 

Energy-filtered transmission electron microscopy (EFTEM) image; (c) Energy-dispersive x-

ray spectroscopy (EDXS) maps (Orange dashed line represents border of SrCO3); (d) Electron 

energy loss spectra (EELS) for perovskite phase, cobalt oxide and strontium carbonate; 

Characterization of the sweep side of LSCF6482 membrane after exposure to CO2 at 900 oC 

for 200 hours; (e) High-angle annular dark field STEM image; (f), (g), (h) and (i) EDXS maps; 

(j) Decomposition scheme; Characterization of the sweep side of LSCF6482 membrane after 

exposure to CO2 at 900 oC for 200 hours; (k) High-angle annular dark field STEM image and 

EDXS maps; and (l) EELS for perovskite phase and cobalt oxide (Reproduced from ref. 44 

with permission from Elsevier). 

 

characterization results on the SrCo0.8Fe0.2O3-δ membrane side subjected to CO2 

exposure at 900 oC for 30 hours. HAADF imaging (Figure 2.13(a)) displays regions 

with different phase composition. Energy-filtered transmission electron microscopy 

(EFTEM) image and EDX mapping (Figure 2.13(b) and (c)) clearly reveal different 
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phases; regions dominated by CoO (red region), SrCO3 (blue region) and perovskite 

phase (green region). EELS onto these different phases (Figure 2.13(d)) verify the 

presence of peaks characteristic of Fe-L2,3 (710 and 723 eV) for perovskite phase, Co-

L2,3 (782 and 796 eV) for CoO phase which are absence for carbonate phase. Similar 

results on La0.2Sr0.8Co0.8Fe0.2O3-δ membrane side subjected to CO2 exposure at 900 oC 

for 200 hours which feature HAADF imaging, EDX mapping, and the resultant 

decomposition scheme are included as Figure 2.13(e)-(j). Areas with different contrast 

appear in these figures, particularly the carbonate phase (“c” in Figure 2.13(e) – which 

shows lack of signals from La, Sr, Co and Fe – Figure 2.13(f)-(i)) and CoO rich phase 

(Figure 2.13(g) – which also shows lack of signals from La, Sr and Fe – Figure 2.13(f), 

(h) and (i)). Another set of results for LSCF6482 membrane side (also subjected to 

CO2 exposure at 900 oC for 200 hours – Figure 2.13(k) and (l)) show the formation of 

CoO rich phase (“1” in Figure 2.13(k)) and perovskite phase (“2” in Figure 2.13(k)) 

without any indication of carbonate phase. These microscopy imaging and analysis 

results are consistent with the oxygen permeation testing results; both of which 

substantiate the fact that LSCF6482 is stable to CO2 at 900 oC while SrCo0.8Fe0.2O3-δ 

and LSCF2882 are not. 

 Benson et al. studied degradation mechanism of LSCF6428 in an aggressive 

atmosphere containing carbon dioxide and water (H2O/CO2/O2 in the ratio of 2:1:1).248 

They characterized the degradation evolution using powder XRD, Raman spectroscopy, 

isotope exchange depth profiling, and secondary ion mass spectrometry (Figure 2.14). 

The powder X-ray diffraction (XRD) pattern of sample aged for 1 week at 1 atm 

pressure showed no discernible differences relative to the untreated sample (Figure 

2.14(a)). Pattern for sample aged for 1 week at 5 atm pressure nonetheless revealed the 

presence of secondary phases of SrCO3 and mixed transition metal oxides. La2O2CO3 

phase and A-site deficient LSCF6428 emerged when the aging time was extended to 6 

weeks (Figure 2.14(a)). To this end, another study showed that B-site cations may 

precipitate into oxides when A-site deficiency reached a certain level; resulting in the 

presence of substantial amount of transition metal oxides detected in powder XRD 

pattern.249 Raman spectra further confirmed the decomposition of the LSCF6428 

surface (Figure 2.14(b)). Increase in the aging annealing time and H2O/CO2/O2 

pressure led to the generation of the distinct peaks at 474, 620, and 695 cm-1 in addition 

to the main LSCF6428 peak at 570 cm-1. The peaks at 474 and 620 cm-1 were assigned 

to Fe2O3 and that at 695 was assigned to (Co, Fe)3O4 phase.250,251 In addition, the main  
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Figure 2.14 (a) Powder X-ray diffraction patterns of aged samples: (A) untreated standard 

LSCF6428, (B) aged 1 week at 1 atm total pressure, (C) aged 1 week at 5 atm, (D) aged 6 weeks 

at 5 atm; (b) Raman spectra of the bulk material of the aged samples: (A) standard untreated 

LSCF, (B) aged 1 day at 1 atm total pressure, (C) aged 3 day at 1 atm total pressure, (D) aged 

1 week at 1 atm total pressure, (E) aged 1 week at 5 atm total pressure, (F) aged 6 weeks at 5 

atm total pressure; (c) The effect of the duration of the ageing annealing on the 18O tracer 

diffusivity D* (▲) and surface exchange coefficient k (●); and (d) 18O diffusion profiles 

obtained for unaged LSCF (A) and LSCF exposed to ageing atmosphere for 3 days (B) 

(Reproduced from ref. 248 with permission from The Electrochemical Society). 

 

LSCF6428 peak which was originally located at 570 cm-1 for the untreated material 

shifted to 590 cm-1 for the sample aged for 6 weeks. Benson et al. attributed this to the 

gradual transformation of cation-stoichiometric LSCF6428 to modified perovskite 

composition. Powder XRD and Raman spectra consistently showed the surface 
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composition changes upon exposure to H2O/CO2/O2 atmosphere. Isotope exchange 

depth profiling and secondary ion mass spectrometry were used to determine the 

oxygen transport properties of oxide ion conducting ceramics. Two main parameters 

from the two characterization methods were the tracer diffusion coefficient D* and the 

surface exchange coefficient k. D* represents the bulk diffusion rate of oxygen ions 

through the oxide and k represents the exchange rate between oxygen in the gas 

atmosphere and that in the oxide. The related theory details can be found elsewhere.248 

D* continued almost constant for the materials exposed to H2O/CO2/O2 atmosphere 

ranging from 3.75 hours to 3 days at 750 oC before isotope exchange; while k decreased 

dramatically after 4 hour-treatment in H2O/CO2/O2 atmosphere (Figure 2.14(c)). The 

oxygen exchange furthermore appears to be inhibited by surface corrosion by 

H2O/CO2/O2 atmosphere (Figure 2.14(d)). The exposure to H2O and CO2 led to 

significant erosion of surface layers during aging. The erosion essentially modified the 

surface by generating A-site deficient perovskite and Co or Fe oxides which inhibited 

the surface oxygen exchange. 

 

2.6 Future directions 
�

In retrospect, there is an obvious trade-off between CO2 resistance and O2 permeation 

flux which makes it difficult to achieve simultaneously high CO2 resistance and high 

O2 permeation flux within a single-phase material. To this end, it is more realistic to 

enhance the O2 permeation flux of CO2-resistant materials with low flux (rather than 

the other way around, i.e., enhancing the CO2 resistance of unstable materials with high 

flux) via the application of internal and/or external short-circuit concepts and/or 

engineering approaches, resulting in what we called “hybrid material-engineering 

optimized membranes”. Another equally important factor that cannot be overlooked is 

that such optimized membranes should have low materials and production cost to 

realize their commercialization. Despite the major improvements demonstrated by 

numerous works within the last decade, there are still many avenues and opportunities 

to be pursued. Two most promising major directions can be delineated as follows: 

(1) New membrane materials and configurations with high CO2 resistance and high O2 

permeation flux 
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This direction covers the development of new perovskite and K2NiF4-type 

compositions as well as new dual-phase combinations. For perovskite materials, 

the incorporation of Ba in A-site and Co in B-site almost always provide high 

oxygen permeability such as in the case of BaBi0.05Co0.8Ta0.15O3-δ and 

BaCoxFeyNb(Zr)O3-δ.30,39,65,67 The longest stability in CO2 nonetheless has thus far 

been obtained using perovskites that do not contain Ba and Co as represented by 

SrFe0.8Nb0.2O3-δ hollow fiber which was stable for 600 hours in CO2 atmosphere.63 

Caro’s group has published extensively on new CO2-resistant dual-phase 

combinations.61,133,134,137,141,145,146,150,157 Survey into the existing literature 

highlighted three most promising phase combinations, i.e., fluorite-perovskite, 

fluorite-spinel, and fluorite-metal oxide. Despite their lower fluxes relative to 

perovskite membranes, rapid advances in the oxygen permeability of dual-phase 

membranes over the past half-decade means that attaining an economic flux of 

above 1 mL min-1 cm-2 via such composite technology in the near future is almost 

a certainty.247 Modification of membrane structure and configuration can also be 

performed to further improve the oxygen permeability. This is exemplified by thin 

dual-phase membrane with porous coating and bilayer dual-phase membrane with 

hierarchically porous structure.147,148 

The amount of studies addressing membrane configuration is relatively 

sparse in comparison to those focusing on developing new perovskite compositions. 

There are still many opportunities ahead as well as large improvement margin 

associated with the former aspect. 

(2) Beneficial phase reactions and conductive phase generation along grain boundaries 

in dual-phase membranes 

An innovative direction emerged recently that exploits beneficial “in situ” phase 

reactions on certain dual-phase combinations to create conductive new phases 

along the grain boundaries that enhance the oxygen permeability of the resultant 

membrane (relative to the mechanically mixed dual-phase mixture). Traditionally, 

chemical compatibility between the ionic conducting phase and the electronic 

conducting phase was the main consideration to ensure that these two phases did 

not react to form new phases that have low ionic and/or electronic conductivities. 

Such non-desirable reactions, for example, occurred in the case of GDC-LSM 

composite which displayed decreasing oxygen permeation flux with time.172 

Therefore, phases with low kinetic stability, i.e., high cation diffusion tendency 
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generally are the last choice for composite component. The phase reactions 

nonetheless can also create new phases that have higher ionic and electronic 

conductivities (relative to the original individual phases). Lin et al., for example, 

detected such new phase formation in Ce0.8Gd0.2O2-δ-CoFe2O4 dual-phase 

membrane using scanning transmission electron microscopy-high angle annular 

dark-field (STEM-HAADF), STEM-energy dispersive X-ray spectroscopy 

(STEM-EDX), STEM-electron energy loss spectroscopy (STEM-EELS), and 

selected area electron diffraction (SAED).180 Gd- and Fe-rich phase containing Gd, 

Fe, Ce, Co and O (denoted as GFCCO phase) formed initially at the GDC-GDC 

boundaries. This GFCCO phase had a perovskite structure and high concentration 

of oxygen vacancies that promotes the oxygen ionic conductivity. The in situ 

production of GFCCO phase also decreased Gd accumulation at GDC-GDC 

boundaries which facilitates the oxygen transport within these boundaries. The 

work of Zhang et al. represents another example of this direction.181 SDC, SrCO3, 

and Co3O4 were used as the precursors to prepare dual-phase membranes. A new 

tetragonal perovskite phase, i.e., SmxSr1-xCoO3-δ formed during sintering. This 

phase contributed towards higher permeability for the sintered membrane. Despite 

the apparent potential this direction provided, there are no clear guidelines on the 

design of the new phase. This is associated with the difficulties to predict what 

reactions will occur as well as the formed phase properties. Additional potential 

offered by this direction is the modification of the mechanical strength. Future 

studies that evaluate systematically the mechanical strength before and after 

beneficial phase reactions as well as the origins behinds the change are warranted 

given their current absence. Breakthrough in the performance of dual-phase 

membrane is likely to come from pursuing this direction which also may provide 

insights into ionic and electronic transport processes around grain boundaries. 

 

2.7 Conclusions 
�

Our literature survey into vast bodies of works on the development of CO2-resistant 

oxygen-selective mixed ionic-electronic conducting (MIEC) membranes revealed that 

only two materials candidates display the highest potential, i.e., perovskite and fluorite-

based materials. 
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Perovskite-based MIEC materials generally offer high O2 permeability and low 

CO2 resistance especially those that contain alkaline earth metals such Ba and Sr. From 

thermodynamics perspective, stability diagram that correlates different phases as a 

function of the activity ratio of different metal oxides pairs can be used to quantify CO2 

resistance of perovskite oxides. A more popular alternative is Ellingham diagram which 

expresses the relative tendency for a certain carbonate formation at different 

temperatures and CO2 partial pressures. In Thermodynamics perspective section, we 

have provided the essential steps required to construct Ellingham diagram. From Lewis 

acid-base perspective, metal (or perovskite) oxide is viewed as a base whereas CO2 is 

viewed as an acid. Accordingly, lower basicity represents higher CO2 resistance. 

Sanderson’s electronegativity and the oxidation state of the cations can be utilized to 

assess the relative basicity of the metal oxides. An indispensable resource we included 

in Chemistry perspective section is Figure 2.5 that displays the relative basicity for 

101 metal oxides. In the absence of ready to-be-used data, the basicity of metal (or 

perovskite) oxide can also be experimentally determined from the O1s binding energy 

(BE) value of X-ray photoelectron spectra. Within this context, higher O1s binding 

energy reflects lower electron density (or higher oxidation state) and therefore, lower 

basicity. Another parameter that indicates the basicity of the metal (or perovskite) oxide 

is the average metal-oxygen bond energy (ABE). 

We can generalize three major directions that have been undertaken to enhance 

CO2 resistance of perovskite materials, i.e., (1) Adopting rare earth metal cation as A-

site cation; (2) Reduction in the Co content in B-site; and (3) Partial substitution of the 

original transition metals components in B-site with more acidic (less basic) or more 

stable transition metal components. Nevertheless, since the ABE reflects the basicity of 

perovskite oxide while the oxygen sorption from the lattice is also determined by how 

strong the oxygen is bonded to the metal and thus, the ABE (i.e., lower ABE provides 

high sorption tendency and high oxygen permeability), it becomes apparent that a 

compromise between oxygen permeability and CO resistance exists where the increase 

in CO2 resistance leads to the decrease in O2 permeability. Such trade-off effect is not 

encountered in fluorite material that is practically CO2-resistant but has low O2 

permeability. The electronic conductivity limitation origin of such low permeability can 

be addressed using internal and/or external electronic short-circuit concepts. These 

concepts represent different ways of adding the second electronic conducting (EC) or 

MIEC phase. The literature trend showed that incorporating MIEC second phase 
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generally leads to higher O2 permeability than that obtained from incorporating EC 

second phase. 

 For industrial applications that prioritizes consistent performance for hundreds 

or even thousands of hours, dual-phase materials appear to be the more promising 

candidate than perovskite materials. We envision major performance breakthrough for 

dual-phase membrane technology given the rapid advances over the past 5 years in 

addition to the emergence of new direction that exploits in situ phase reaction to create 

conductive new phase within the composite along the boundary area. Despite the long 

way ahead towards the commercialization of CO2-resistant oxide-based membrane 

technology, this field would certainly benefit from having the guidelines we provided 

here. 

 

2.8 Key research questions and challenges 
�

In the above literature review, we summarized the current research status and 

relative concepts of CO2-resistant MIEC membranes.  The comprehensive review of 

this area provides us the whole picture of the key questions and challenges to be solved 

in this thesis. Within our research interests, the first challenge is to modify the fluorite-

oxide membrane to increase its oxygen permeability by enhance its electronic 

conductivity. To solve this challenge, several methods have been studies such as dual-

phase membrane. There have been plenty of researches working on dual-phase 

membranes as summarized by this review above. Therefore, in this thesis, we will focus 

on the external short-circuit method, aiming to find an effective approach to form the 

external short-circuit. Besides, adding transition metal sintering aid in fluorite-oxide 

membrane is an alternative approach that is worth studying in this thesis. Perovskite 

oxide membrane generally possesses high O2 permeation flux but inferior CO2-

resistance. Improve the CO2-resistance of perovskite membranes remains another main 

challenge in this field.  In this thesis, we designed and performed different methods to 

address these challenges, which will be displayed in the following Chapters 3-6. We 

hope to provide useful information in developing CO2-resistant membrane with high 

O2 permeation flux, which will be promising in enabling clean energy delivery through 

membrane technology. 
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Table 2.1 CO2-resistance and performance of perovskite membranes 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

BaCoxFeyZrzO3-d   800 2.3-0.7 150 mL 
min-1 air 

50 mL min-1 He 
(3% CO2) 

0-0.5 39 

(x+y+z = 1)   850 2.6-1.7   0-0.5  

   800 2.26-0.125  50 mL min-1 He 
(10% CO2) 

0-0.5  

   850 2.61-0.2   0-0.5  
   900 3.05-0.375   0-0.5  

BaCo0.6Fe0.2Nb0.2O3-d 900 1.09 (He)      30 
  0 (CO2)       

BaCo0.4Fe0.4Nb0.2O3-d 900 0.7 (He) 800 0.46 air Ar 0 30 
  0.07 (CO2)  0-0.05  CO2 0-1.25  
   900 0.7  Ar 0  
    0.05-0.08  CO2 0-1.24  
   1000 0.92  Ar 0  
    0.92-0.26  CO2 0-1.275  

BaCo0.2Fe0.6Nb0.2O3-d 900 0.51 (He)      30 
  0.097 (CO2)       
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

BaFe0.8Nb0.2O3-d 900 0.4 (He)      30 
  0.26 (CO2)       

BaFe0.65Nb0.35O3-d 900 0.12 (He)      30 
  0.106 (CO2)       

La0.6Ca0.4Co0.8Fe0.2O3-d   850 0.09  150 mL min-1 
air 29 mL min-1 CO2 110-185 41 

   900 0.27   29 mL min-1 He 0-10  
    0.155  29 mL min-1 CO2 10-110  

La0.6Ca0.4FeO3-d 
800-
950 0.08-0.41 (He)      61 

  0.04-0.24 (CO2)       

SrCo0.8Fe0.2O3-d   900 1.35-1.5 100 mL min-1 
air 50 mL min-1 He 4-26 46 

    1.06   50 mL min-1 CO2 28-47  
    0.59   50 mL min-1 CO2 64  
    0.18   50 mL min-1 CO2 73  
    0   50 mL min-1 CO2 83  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

SrCo0.8Fe0.2O3-d   950 1.86 100 mL min-1 air 50 mL min-1 CO2 0-5 45 
    1.72   19-23  
    0.88   51  
    0.44   71  

SrCo0.8Fe0.2O3-d   950 1.78 100 mL min-1 air 50 mL min-1 CO2 0 47 
    0.84   3  
    0.25   10  
    0.07   15  
    0.04   25  

SrCo0.8Fe0.2O3-d   950 1.94 100 mL min-1 air 50 mL min-1 CO2 
(5% O2) 

0 47 

    1.28   8  
    1.64   50  
    1.76   90  

Sr(Co0.8Fe0.2)0.9Ta0.1O3-d   900 0.98-1.34 100 mL min-1 air 50 mL min-1 He 5-56 46 
    1.25-1.22  50 mL min-1 CO2 57-61  
    1.16  50 mL min-1 CO2 72-103  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Sr(Co0.8Fe0.2)0.95Ti0.05O3-d   950 1.61 100 mL min-1 air 50 mL min-1 CO2 0-6 45 
    1.17   20-21  
    0.92   30  
    0.73   51  
    0.63   69  

Sr(Co0.8Fe0.2)0.9Ti0.1O3-d   950 1.47 100 mL min-1 air 50 mL min-1 CO2 0-4 45 
    1.59   13-88  

Sr(Co0.8Fe0.2)0.8Ti0.2O3-d   950 1.34 100 mL min-1 air 50 mL min-1 CO2 0-83 45 
Sr(Co0.8Fe0.2)0.9Ti0.1O3-d 900 0.44 (CO2)      45 

  0.84 (CO2)       
SrFe0.8Nb0.2O3-δ   900 0.31 150 mL min-1 air 50 mL min-1 CO2 0-210 62 

         

SrFe0.8Nb0.2O3-δ 
800-
900 0.52-1.24 (He) 900 1.24 120 mL min-1 air 80 mL min-1 He 0-75 63 

  0.38-1.12 
(CO2) 

 1.12  80 mL min-1 CO2 75-390  

    1.06 120 mL min-1 air 
(20% CO2) 

80 mL min-1 CO2 400-600  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

SrFe0.8Zr0.2O3-δ 
750-
900 

0.135-0.525 
(He) 850 0.35 ambient air 100 mL min-1 He 0-3.3 64 

    0.3-0.27  100 mL min-1 CO2 3.3-13.3  

    0.3  100 mL min-1 He 13.3-
16.7  

SrFe0.8Mo0.2O3-δ 
750-
900 0.148-0.27 (He) 850 0.21 ambient air 100 mL min-1 He 0-3.3 64 

    0.15  100 mL min-1 CO2 3.3-13.3  

    0.16  100 mL min-1 He 13.3-
16.7  

SrFe0.8W0.2O3-δ 
750-
900 0.149-0.25 (He) 850 0.22 ambient air 100 mL min-1 He 0-3.3 64 

    0.17  100 mL min-1 CO2 3.3-13.3  

    0.19  100 mL min-1 He 13.3-
16.7  

BaCo0.7Fe0.26Zr0.04O3-δ 
750-
925 1.32-2.65 (He) 925 2.65 300 mL min-1 

air 100 mL min-1 He 0-10 65 

    1.8-0.5  85 mL min-1 He + 
15 mL min-1 CO2 

10-20  

    0.13-0.03  50 mL min-1 He + 
50 mL min-1 CO2 

20-30  

    2.65  100 mL min-1 He 30-40  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

BaCo0.7Fe0..24Zr0.06O3-δ 
750-
925 1.36-2.7 (He) 925 2.7 300 mL min-1 

air 100 mL min-1 He 0-10 65 

    2.12-0.85  85 mL min-1 He + 15 
mL min-1 CO2 

10-20  

    0.25-0.08  50 mL min-1 He + 50 
mL min-1 CO2 

20-30  

    2.7  100 mL min-1 He 30-40  

BaCo0.7Fe0.22Zr0.08O3-δ 
750-
925 1.3-2.53 (He) 925 2.53 300 mL min-1 

air 100 mL min-1 He 0-10 65 

    1.88-1.0  85 mL min-1 He + 15 
mL min-1 CO2 

10-20  

    0.31-0.14  50 mL min-1 He + 50 
mL min-1 CO2 

20-30  

    2.53  100 mL min-1 He 30-40  

BaCo0.7Fe0.2Zr0.1O3-δ 
750-
925 1.26-2.43 (He) 925 2.43 300 mL min-1 

air 100 mL min-1 He 0-10 65 

    1.95-1.15  85 mL min-1 He + 15 
mL min-1 CO2 

10-20  

    0.37-0.19  50 mL min-1 He + 50 
mL min-1 CO2 

20-30  

    2.43  100 mL min-1 He 30-40  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

BaCo0.7Fe0.18Zr0.12O3-δ 
750-
925 1.16-2.2 (He) 925 2.2 300 mL 

min-1 air 100 mL min-1 He 0-10 65 

    1.63-0.87  85 mL min-1 He + 
15 mL min-1 CO2 

10-20  

    0.24-0.125  50 mL min-1 He + 
50 mL min-1 CO2 

20-30  

    2.2  100 mL min-1 He 30-40  
Ba0.5Sr0.5Co0.78Fe0.2W0.02O3-

δ 
750-
950 1.0-2.5 (He) 800 1.375 200 mL 

min-1 air 50 mL min-1 He 0-0.25 66 

    0.75  40 mL min-1 He + 
10 mL min-1 CO2 

0.25-1.75  

    0.18  50 mL min-1 CO2 1.75-2.0  

BaBi0.05Co0.8Ta0.15O3-δ 
775-
900 1.5-2.86 (He) 950 3.57 180 mL 

min-1 air 100 mL min-1 He 0-1.3 67 

    3.4-3.3  90 mL min-1 He + 
10 mL min-1 CO2 

1.3-2.75  

    3.1-2  80 mL min-1 He + 
20 mL min-1 CO2 

2.75-6.7  

    1.5-0.9  60 mL min-1 He + 
40 mL min-1 CO2 

6.7-7.75  

    0.5-0.2  20 mL min-1 He + 
80 mL min-1 CO2 

7.75-9.4  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

La0.6Sr0.4Co0.2Fe0.8O3-δ 
600-
1000 0.07-6.8 (Ar) 900 2.5 300 mL min-1 

air 
150 mL min-1 Ar + 
150 mL min-1 CO2 

0-41.7 68 

         

La0.6Sr0.4Co0.2Fe0.8O3-δ 
750-
1000 0.45-4.32 (Ar)      69 

 900 2.02 (CO2)       

  2 (Ar+CO2)       

  2.1 (Ar+CO2)       

  2.25 (Ar+CO2)       

  2.95 (Ar)       

 1000 5.52 (CO2)       

  5.2 (Ar+CO2)       

  5 (Ar+CO2)       

  4.9 (Ar+CO2)       

  4.95 (Ar)       
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

La0.6Sr0.4Co0.2Fe0.8O3-δ 
800-
1000 1.9-7.0 (Ar) 1000 1.41-1.25 300 mL min-1 

air 
150 mL min-1 Ar + 
150 mL min-1 CO2 

0-90 70 

  0.15-7.2 (CO2)       

SrFe0.9Ta0.1O3-δ 750-950 0.17-0.63 (He) 900 0.3 120 mL min-1 
air 60 mL min-1 CO2 0-130 71 

  0.12-0.38 (CO2)       

  0.41-1.51 (CO2)       

SrFe0.8Sb0.2O3-δ 750-950 0.12-0.47 (He)  0.22 120 mL min-1 
air 60 mL min-1 CO2 0-130 71 

  0.09-0.32 (CO2)       

  0.3-1.3 (CO2)       

Pr0.6Sr0.4Co0.2Fe0.8O3-δ 
750-
1000 0.1-1.3 (He) 1000 1.3 150 mL min-1 

air 50 mL min-1 He 0-125 72 

  0.08-1.24 (CO2) 1000 1.24  50 mL min-1 CO2 125-175  
   850 0.42   175-215  
   1000 1.24   215-340  
   850 0.42   340-450  
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Table 2.1 CO2-resistance and performance of perovskite membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

La0.6Sr0.4Co0.2Fe0.8O3-δ 
800-
1000 0.1-3.15 (He) 950 2.6 200 mL min-1 

air 151 mL min-1 He 0-7.8 53 

  0.01-1.2 (CO2)  0.79  151 mL min-1 CO2 7.8-31  
    2.44   31-40  
    0.78   40-59  
   900 0.2   59-79  
    0.78   79-100  

Sm0.6Ca0.4CoO3-δ   950 0.02 100 mL min-1 
air 30 mL min-1 He 0-100 73 

    0.01  30 mL min-1 CO2 100-200  

Sm0.6Ca0.4FeO3-δ   950 0.0 100 mL min-1 
air 30 mL min-1 He 0-100 73 

    0.017  30 mL min-1 CO2 100-200  
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Table 2.2 CO2-resistance and performance of dual-phase membranes 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.85Gd0.1Cu0.05O2-d-
La0.6Ca0.4FeO3-d 

(75:25 wt.%) 

800-
950 0.25-0.87 (He) 800 0.15 100 mL min-1 

air 30 mL min-1 CO2 0-50 61 

  0.15-0.7 (CO2) 900 0.47   50-100  
  0.11-0.52 (He)       
  0.06-0.46 (CO2)       

Ce0.9Gd0.1O2-δ-
Ba0.5Sr0.5Co0.8Fe0.2O3-δ 

(60:40 wt.%) 

825-
975 0.20-0.85 (CO2) 950 0.59 150 mL min-1 

air 40 mL min-1 CO2 0-72 132 

    0.67   150-250  
Ce0.8Gd0.2O2-δ-

NiFe2O4 (40:60 vol.%) 
900-
1000 0.11-0.31 (He) 1000 0.27 150 mL min-1 

air 
29 mL min-1 CO2 
+ 1 mL min-1 Ne 0-40 133 

  0.09-0.27 (CO2)  0.3   40-100  
  0.08-0.2 (He)       
  0.06-0.17 (CO2)       

Ce0.8Gd0.2O2-δ-
NiFe2O4 (40:60 vol.%) 

900-
1000  1000 0.29-0.31 150 mL min-1 

air 
29 mL min-1 He 
+ 1 mL min-1 Ne 0-36.667 134 

    0.27-0.31  29 mL min-1 CO2 
+ 1 mL min-1 Ne 0-101.667  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.8Gd0.2O2-δ-
PrBaCo0.5Fe1.5O5+δ 
(60:40 wt.%) 

925 0.3 (CO2) 925 0.40-0.38 300 mL min-1 
air 

50% CO2 + 50% 
He 0-1 135 

  0.33 (CO2)  0.39   1-12  
  0.35 (CO2)  0.38-0.37  100% CO2 12.5-14  
  0.36 (CO2)  0.36    14-25  
  0.38 (CO2)       

  0.33 (CO2)       

  0.35 (CO2)       

  0.37 (CO2)       

  0.38 (CO2)       

  0.4 (CO2)       
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.9Gd0.1O1.95-δ-
Zn0.96Al0.02Ga0.02O1.02 
(50:50 vol.%) 

700-
940 0.06-0.39 (N2) 860 0.22 100 mL min-1 

air 150 mL min-1 N2 0-30 136 

  0.057-0.34 (CO2)  0.19  150 mL min-1 
CO2 

30-100  

    0.18  150 mL min-1 
CO2 

100-130  

    0.22  150 mL min-1 N2 130-275  

    0.18-0.16  150 mL min-1 
CO2 

275-480  

   940 0.27  150 mL min-1 
CO2 

480-580  

Ce0.9Pr0.1O2-d-
Pr0.6Sr0.4Fe0.5Co0.5O3-d 
(60:40 wt.%) 

800-
1000 0.24-1.08 (He) 950 0.7-0.84 150 mL min-1 

air 50 mL min-1 He 0-40 137 

  0.11-1.01 (CO2) 950 0.7  50 mL min-1 CO2 60-350  
   1000 1.04  50 mL min-1 CO2 350-450  
   950 0.7  50 mL min-1 CO2 450-510  
   800 0.19-0.13  50 mL min-1 CO2 0-300  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.8Sm0.2O1.9-
Sm0.8Ca0.2Mn0.5Co0.5O3 
(75:25 vol.%) 

800-
940 0.13-0.61 (He) 940 0.39-0.46 100 mL min-1 

air 30 mL min-1 He 0-10 138 

  0.1-0.51 (CO2)  0.46    10-155  
    0.41   30 mL min-1 CO2 155-220  
   850 0.2    220-475  

Ce0.8Sm0.2O1.9-
SmMn0.5Co0.5O3 
(75:25 vol.%) 

800-
940 0.15-0.52 (He) 940 0.36-0.42 100 mL min-1 

air 30 mL min-1 He 0-45 139 

  0.13-0.48 (CO2)  0.42   45-155  
    0.37-0.39  30 mL min-1 CO2 155-165  
    0.39   165-220  
   850 0.21   220-475  

Ce0.8Tb0.2O2-δ-NiFe2O4 
(40:60 vol.%) 

700-
1000 0.015-0.17 (He) 900 0.13 synthetic air CO2 (No flow 

rate) 0-50 140 

  0.01-0.2 (CO2)  0.14    50-76  

 900-
1000 

0.028-0.115 
(CO2) 
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.9Nd0.1O2-δ-
Nd0.6Sr0.4FeO3-δ (60:40 
wt.%) 

850-
950 0.21-0.48 (CO2) 950 0.48 150 mL min-1 

air 
49 mL min-1 CO2 
+ 1 mL min-1 Ne 0-150 141 

Ce0.8Sm0.2O2-δ-
Ba0.95La0.05Fe0.85Zr0.15O3-

δ (60:40 wt.%) 

750-
925 0.1-0.3 (He) 925 0.3 300 mL min-1 

air 100 mL min-1 He 0-12 142 

    0.275  
85 mL min-1 He 
+ 15 mL min-1 

CO2 
12-26  

    0.255  
50 mL min-1 He 
+ 50 mL min-1 

CO2 
26-39  

    0.24  
50 mL min-1 He 
+ 50 mL min-1 

CO2 
39-52  

    0.3   100 mL min-1 He 52-65  

   925 0.3  300 mL min-1 
air 100 mL min-1 He 0-18  

    0.24   100 mL min-1 
CO2 

18-105  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Y0.8Ca0.2Cr0.8Co0.2O3-
Sm0.2Ce0.8O1.9 (50:50 
wt.%) 

700-
950 0.58-6.7 (H2+N2) 950 3.08 30 mL min-1 

air 

30 mL min-1 
(1.5% H2 + 

48.5% N2 + 50% 
CO2) 

0-350 143 

  0.37-3.08 
(H2+N2+CO2) 

      

  0.05-0.34  (N2)       

Ce0.8Gd0.2O2-δ-
Ba0.95La0.05Fe0.9Nb0.1O3-δ 
(60:40 wt.%) 

925 0.275 (He) 925 0.20-0.19 300 mL min-1 
air 

100 mL min-1 
CO2 

0-5 144 

  0.23 (He+CO2)  0.19   5-95  
  0.21 (He+CO2)       

  0.195 (CO2)       

  0.27 (He)       
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Sm0.5Sr0.5Cu0.2Fe0.8O3-δ-
Ce0.8Sm0.2O2-δ (40:60 
wt.%) 

800-
1000 0.29-1.27 (He) 1000 1.27 150 mL min-1 

air 
49 mL min-1 He 
+ 1 mL min-1 Ne 0-25 145 

  0.08-1.12 (CO2) 1000 1.15-1.11  49 mL min-1 CO2 
+ 1 mL min-1 Ne 25-75  

   950 0.70-0.67  49 mL min-1 CO2 
+ 1 mL min-1 Ne 75-200  

   900 0.29-0.25  49 mL min-1 CO2 
+ 1 mL min-1 Ne 200-290  

  0.34-1.35 (He) 1000 1.35  49 mL min-1 He 
+ 1 mL min-1 Ne 0-40  

Sm0.3Sr0.7Cu0.2Fe0.8O3-δ-
Ce0.8Sm0.2O2-δ (40:60 
wt.%) 

800-
1000 0.11-1.15 (CO2) 1000 1.17 150 mL min-1 

air 
49 mL min-1 CO2 
+ 1 mL min-1 Ne 40-115 145 

   950 0.77-0.70  49 mL min-1 CO2 
+ 1 mL min-1 Ne 115-155  

   900 0.46-0.38  49 mL min-1 CO2 
+ 1 mL min-1 Ne 155-230  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.9Pr0.1O2-d-
Pr0.6Sr0.4FeO3-d (60:40 
wt.%) 

850-
950 0.1-0.26 (He) 950 0.18 150 mL min-1 

air 
29 mL min-1 CO2 
+ 1 mL min-1 Ne 0-137.5 146 

  0.06-0.17 (CO2) 1000 0.28    140-163  

  2.2-4.4 (CH4) 950 4.4   
7.32 mL min-1 

CH4 + 1 mL min-

1 Ne 
0-100  

Ce0.9Gd0.1O2-δ-
La0.7Sr0.3MnO3±δ (80:20 
vol.%) 

700-
850 0.4-1.7 (He) 800 1.7  synthetic air 400 mL min-1 He 0-4 147 

    1.21-0.5  
200 mL min-1 He 
+ 200 mL min-1 

CO2 
4-88  

    0.43-0.3  400 mL min-1 
CO2 

88-150  

   800 0.65 synthetic air 400 mL min-1 He 0-7  

    0.32-0.28  400 mL min-1 
CO2 

7-100  

   800 0.48  synthetic air 400 mL min-1 He 0-7  

    0.44   400 mL min-1 
CO2 

7-100  

 

 



86 
�

Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.9Gd0.1O1.95-
(La0.8Sr0.2)0.95MnO3-δ 
(60:40 vol.%) 

875-
950 0.025-0.104 (He)      148 

  0.024-0.104 
(CO2) 

      

 875-
950 0.323-0.780 (He)       

  0.251-0.659 
(CO2) 

      

Ce0.8Sm0.2O2-δ-
La0.9Sr0.1FeO3-δ (70:30 
vol.%) 

800-
1000 0.045-0.329 (He) 900 0.15 ambient air 40 mL min-1 He 0-150 149 

    0.15  40 mL min-1 CO2 150-300  
Mn1.5Co1.5O4-δ-
Ce0.9Pr0.1O2-δ (40:60 
wt.%) 

900-
1000 0.26-0.48 (CO2) 1000 0.22 200 mL min-1 

air 
29 mL min-1 He 
+ 1 mL min-1 Ne 0-1.25 150 

    0.2  29 mL min-1 CO2 
+ 1 mL min-1 Ne 1.25-3.0  

    0.2  29 mL min-1 He 
+ 1 mL min-1 Ne 3.0-4.6  

    0.2   29 mL min-1 CO2 
+ 1 mL min-1 Ne 4.6-6.0  

    0.2  200 mL min-1 
air 

29 mL min-1 CO2 
+ 1 mL min-1 Ne 0-60  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Fe2O3-Ce0.9Gd0.1O2-δ 
(40:60 wt.%) 

900-
1000 0.06-0.18 (He) 1000 0.2  150 mL min-1 

air 
29 mL min-1 CO2 
+ 1 mL min-1 Ne 0-150 151 

Ce0.8Sm0.2O2-δ-
Sm0.8Ca0.2CoO3 (75:25 
wt.%) 

800-
950 

0.0675-0.167 
(He) 950 0.23-0.16  100 mL min-1 

air He 0-100 152 

  0.055-0.168 
(CO2) 

 0.16   CO2 100-200  

Ce0.8Sm0.2O2-δ-
Sm0.6Ca0.4CoO3 (75:25 
wt.%) 

800-
950 0.0825-0.18 (He) 950 0.13-0.18 100 mL min-1 

air He 0-100 152 

  0.075-0.188 
(CO2) 

 0.19  CO2 100-200  

Ce0.8Sm0.2O2-δ-
SrCo0.9Nb0.1O3-δ  (60:40 
wt.%) 

800-
950 0.51-1.54 (He) 950 0.49-0.53 120 mL min-1 

air 60 mL min-1 CO2 0-120 153 

         
Ce0.9Gd0.1O2-δ-
La0.7Sr0.3MnO3  

  700 0.55 400 mL min-1 
air He 0-7 154 

    0.42  50% He + 50% 
CO2 

7-17  

    0.55   He 17-21  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Y0.08Zr0.92O2-δ-
La0.7Sr0.3MnO3 

800-
950 0.15-0.5 (He) 900 0.28 100 mL min-1 

air 100 mL min-1 He 0-50 155 

    0.27  
50 mL min-1 He 
+ 50 mL min-1 

CO2 
50-200  

NiFe2O4-Ce0.8Tb0.2O2-δ 
(50:50 vol.%) 

750-
1000 0.034-0.34 (Ar) 850 0.11 100 mL min-1 

air 150 mL min-1 Ar 0-4 156 

  0.02-0.21 (CO2)  0.13-0.14  150 mL min-1 
CO2 

4-44  

    0.11  150 mL min-1 Ar 44-50  
Nd0.6Sr0.4Al0.2Fe0.8O3-δ-
Ce0.9Nd0.1O2-δ (40:60 
wt.%) 

800-
1000 0.08-0.6 (He) 1000 0.61 150 mL min-1 

air 
49 mL min-1 He 
+ 1 mL min-1 Ne 0-60 157 

  0.02-0.52 (CO2) 1000 0.52  49 mL min-1 CO2 
+ 1 mL min-1 Ne 60-85  

   950 0.31   85-125  
   900 0.15    125-225  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Nd0.5Sr0.5Al0.2Fe0.8O3-δ-
Ce0.8Nd0.2O2-δ (40:60 
wt.%) 

800-
1000 0.15-1.0 (He) 1000 1 150 mL min-1 

air 
49 mL min-1 He + 1 

mL min-1 Ne 0-50 157 

  0.03-0.81 (CO2) 1000 0.81  49 mL min-1 CO2 + 
1 mL min-1 Ne 50-75  

   950 0.5   75-170  
   900 0.24-0.19   170-300  

Ce0.8Sm0.2O1.9-
Sm0.6Ca0.4CoO3-δ (75:25 
wt.%) 

  950 0.1-0.14 100 mL min-1 
air 30 mL min-1 He 0-100 73 

    0.14-0.16  30 mL min-1 CO2 100-200  
Ce0.8Sm0.2O1.9-
Sm0.6Ca0.4CoO3-δ (67:33 
wt.%) 

  950 0.45-0.55 100 mL min-1 
air 30 mL min-1 He 0-100 73 

    0.4  30 mL min-1 CO2 100-200  
Ce0.8Sm0.2O1.9-
Sm0.6Ca0.4FeO3-δ (75:25 
wt.%) 

  950 0.36-0.45 100 mL min-1 
air 30 mL min-1 He 0-100 73 

    0.37  30 mL min-1 CO2 100-200  
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Table 2.2 CO2-resistance and performance of dual-phase membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time (h) 

Ce0.8Sm0.2O1.9-
Sm0.6Ca0.4FeO3-δ (67:33 
wt.%) 

  950 0.22-0.41 100 mL min-1 
air 30 mL min-1 He 0-100 73 

    0.34   30 mL min-1 CO2 100-200  
Ce0.85Sm0.15O1.925-
Sm0.6Sr0.4Al0.3Fe0.7O3 
(75:25 wt.%) 

800-
950 0.34-0.7 (He) 950 0.7 100 mL min-1 

air 30 mL min-1 He 0-140 158 

    0.63   30 mL min-1 CO2 140-280  
  0.21-0.43 (He)  0.4  30 mL min-1 He 0-140  
         

  0.2-0.34 (He)  0.35 100 mL min-1 
air 30 mL min-1 He 0-140  

Pr0.1Gd0.1Ce0.8O2-δ-
CoFe2O4 (50:50 wt.%) 

900-
1000 0.15-0.54 (He) 950 0.36  100 mL min-1 

air 150 mL min-1 CO2 0-200 159 

  0.26-0.84 (He)       
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Table 2.3 CO2-resistance and performance of other membranes 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time 

(h) 

La2NiO4+d   900 0.39  
150 mL min-1 

air 
29 mL min-1 

He 0-6.667 40 

    0.22   
29 mL min-1 

CO2 
6.667-

100  

(Nd0.9La0.1)2(Ni0.74Cu0.21Al0.05)O4+d 975 0.5 (He) 975 0.5  
150 mL min-1 

air 
30 mL min-1 

He 0-100 222 

  0.39 (CO2)  0.4   
30 mL min-1 

CO2 
100-
200  

    0.5  
30 mL min-1 

He 
200-
300  

    0.3  
30 mL min-1 

CO2 0-260  

(Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+d 
850-
975 0.17-0.34 (He) 975 0.32 

150 mL min-1 
air 

30 mL min-1 
CO2 0-230 219 

  0.15-0.32 (CO2)       

(Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+d   975 0.96 
180 mL min-1 

air 
60 mL min-1 

He 0-0.5 42 

    0.9   60 mL min-1 
CO2 

0.5-
3.417  

    0.94   60 mL min-1 
He 

3.417-
4.583  
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Table 2.3 CO2-resistance and performance of other membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time 

(h) 

(Pr0.9La0.1)1.9(Ni0.74Cu0.21Ga0.05)O4+d 
800-
975 0.36-0.89 (He) 975 0.89 (He) 

150 mL min-1 
air 

30 mL min-1 
He 0-1 221 

  0.32-0.88 (CO2)  0.88 (CO2)  
30 mL min-1 

CO2 1-3  

    0.89 (He)  
30 mL min-1 

He 3-4  

    0.88 (CO2)  
30 mL min-1 

CO2 4-6  

    0.89 (He)  
30 mL min-1 

He 6-7  

   900 0.69 (He) 
150 mL min-1 

air 
30 mL min-1 

He 0-1  

    0.66 (CO2)  
30 mL min-1 

CO2 1-3  

    0.69 (He)  
30 mL min-1 

He 3-4  

    0.66 (CO2)  
30 mL min-1 

CO2 4-6  

    0.69 (He)  
30 mL min-1 

He 6-7  
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Table 2.3 CO2-resistance and performance of other membranes (continued) 

Materials 
Instantaneous performance Long term CO2 test 

Ref. 
T (oC) J(O2) 

(mL min-1 cm-2) T (oC) J(O2) 
(mL min-1 cm-2) Feed side Permeate side Time 

(h) 

(Nd0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4+!   975 0.53 (He) 
150 mL min-1 

air 
30 mL min-1 

He 0-1 220 

    0.48 (CO2)  
30 mL min-1 

CO2 1-2.5  

    0.53 (He)  
30 mL min-1 

He 2.5-4  

    0.48 (CO2)  
30 mL min-1 

CO2 4-5.5  

    0.53 (He)  
30 mL min-1 

He 5.5-6.5  

    0.48-0.53 (CO2) 
150 mL min-1 

air 
30 mL min-1 

CO2 0-420  
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Chapter 3: Ce0.9Gd0.1O2-δ membranes coated 

with porous Ba0.5Sr0.5Co0.8Fe0.2O3-δ for oxygen 

separation 
�

Abstract 

 
Robust oxygen ion-conducting membranes based on doped-ceria oxides can be used as 

oxygen permeation membranes via the short circuit to provide the required electronic 

conduction. Previous studies used expensive noble metals to be coated on both surface 

sides of the ion conducting electrolyte membrane as the electronic conducting phase to 

fulfil the functions for electron shuttling between the two membrane surfaces required 

for the oxygen reduction and oxidation. During the membrane operation, the 

atmosphere surrounding the two membrane sides is different with feed side exposing 

to air and the permeate side possibly confronting CO2 or reducing gases like CH4 or H2. 

At high operating temperature, such different gas atmosphere poses different 

requirements on the material choice to prepare the membranes thus leaving space for 

further optimization to reduce the material cost. In this work, a novel Ce0.9Gd0.1O2-δ 

(GDC) with cost-effective mixed conductive Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) layer to 

replace the preciously employed noble metal layer on the membrane surface facing the 

air atmosphere was developed to deliver a highly stable oxygen flux for possible 

applications in clean energy or membrane reactors for chemical synthesis. Further on, 

we noted that the membranes coated with BSCF improved the oxygen fluxes compared 

to the membranes coated with pure silver.  A triple-phase boundary (TPB) theory has 

been put forward to deeply explain the observed improvement on oxygen flux values.    

3.1 Introduction 
�

The annual global oxygen production is predicted to reach hundreds of millions of tons 

from air separation and contributes the largest section in the industrial gases market 

with sales worthy of more than $5 billion in 2014.1 Oxygen has wide applications 

touching almost every sector of the global economy from a variety of industries like 
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metal manufacturing, chemicals, pharmaceuticals, petroleum, glass, cement, ceramics, 

pulp/paper manufacturing, waste treatment, rocket fuel, medical/health care and other 

life support systems. Currently in oxygen market, the power generation industry is only 

sharing 4%.2 However, in the near future, this market will be massively expanded by 

the required deployment of clean energy technologies like IGCC and Oxyfuel projects 

to decrease the CO2 emission; these clean energy projects require the oxygen as the 

feed gas. It is estimated that, in 2040, the energy industry sector will occupy the oxygen 

market by 60% requiring approximately two million tons per day.2  

Currently, the industrial tonnage oxygen is produced at a lower purity (<93%) 

with intermediate scale by pressure swing adsorption or a high purity (>93%) and large 

scale (i.e. >1000 tons per day) by cryogenic distillation. Both methods are highly 

capital-expensive and energy-intensive; in particular, the cryogenic distillation, a very 

mature technique, has been used for more than one century without space for 

improvement. These conventional high-cost oxygen production technologies largely 

prohibit the clean energy technology application. To battle the extreme climate change 

via carbon capture and storage (CCS), our contemporary society urgently needs to 

upgrade the oxygen production technology to be more cost-effective to enable these 

clean energy schemes.  

Among the emerging new technologies, ceramic membrane technology offers 

the greatest potential due to its energy efficiency and less capital investment. Starting 

from 1997, Air Products and US DoE have initiated the longest and biggest investment 

worthy of $148 million to advance this novel technique often referred as revolutionary 

ion transporting membrane (ITM) technology.3 The associated research was actually 

started in 1980s when the appreciable oxygen permeation flux through dense perovskite 

membrane in a general formula of La1-xSrxCo1-yFeyO3-δ was reported by Teraoka and 

co-workers.4 Since then, a variety of perovskite ceramics with oxygen permeation 

properties have been explored and reported with a general formula ABO3-δ where A 

and B sites can be individually or jointly occupied by La, Sr, Ba, Ca, or Zr and  Mg, Al, 

Ti, Cr, Mn, Fe, Co, Ni, Cu, Ga, Zr, Ta, W, Sc or Zn, respectively.5-20 Due to the 

structural flexibility of the perovskite structure, 90% of the metals listed in the element 

periodic table have been attempted to accommodate inside perovskite structure.21 One 

common feature of these membranes is that they are able to simultaneously conduct 

both oxygen ions and electrons at elevated temperatures and thereby classified as mixed 

ionic and electronic conducting (MIEC) ceramic membranes with working principle 
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schematically shown in Figure 3.1(a). When exposed to oxygen partial pressure 

gradient, oxygen can permeate through these perovskite membranes through surface 

reactions and bulk diffusion without the necessity for external electric loadings thus 

simplifying the membrane design compared to pure ionic conductors (Figure 3.1(b)).22 

To sustain a high oxygen flux, the membranes must possess not only sufficient ionic 

and electronic conductivities but also good surface reaction kinetics for oxygen 

exchange between its gaseous molecular state and solid lattice oxygen.  

An apparent progress has been evidenced in the past two decades during 

material optimisation and scale up for engineering applications. For instance, oxygen 

flux up to 14.5 ml min-1 cm-2 at 950°C was achieved on thin Ba0.5Sr0.5Co0.8Fe0.2O3−δ 

(BSCF) membrane supported on hollow fibre geometry under the oxygen pressure 

gradient created by non-pressurized air and sweep gas.23 Long term operational stability 

over thousands of hours has been achieved on BSCF and La0.6Sr0.4Co0.2Fe0.8O3-δ (LSCF) 

membranes for oxygen production under vacuum operation or non-reacting sweep gas 

models.5,24,25 Encouraging news also come from Air Products that their ITM project has 

been advanced to Phase-5 testing the oxygen producing capability of 2000 tons per 

day.26 Inspired by the success of membrane technology for pure oxygen production, the 

research communities have initiated another ambitious project to develop ITM syngas 

to combine the oxygen separation  and gas oxidation in a single unit with working 

principles displayed in Figure 3.1(c). Once successful, this novel technology will 

greatly advance our current petrochemical industries and clean energy deployment as 

it can save 20 to 30% capital cost for the overall synthesis gas and H2 production.3 In 

particular, it will help to improve the viability of the Oxyfuel project by retrofitting the 

existing power plants rather than setting up the new boiler system.26  

These ambitious targets pose stricter requirement on the membrane material 

stability. As shown in Figure 3.1(c), the permeate side of the membrane would face the 

reducing gases like CH4 or acid gases like CO2 for high temperature reactions. However, 

all these developed membranes cannot survive in such harsh reducing or acid gas 

atmosphere at high temperatures for the long term due to fact that these perovskite 

oxides are easily damaged by the reaction with these gases.27,28 Fortunately, robust 

membranes with sufficient stability to endure these gases can be found from fluorite-

type ion conducting ceramics such as yttria-stabilized zirconia (YSZ), gadolinium (or 

samaria)-doped ceria (GDC/SDC), which is evidenced by the wide applications in solid 

oxide fuel cells as the high temperature electrolyte for oxygen ion transport.29-31 Despite 
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of their proven robustness, their application as oxygen production membrane is quite 

limited owning to their insufficient electronic conductivity and the associated more 

complex membrane design via oxygen pump with external electric loadings (Figure 

3.1(b)). To simplify the membrane design, researchers have attempted to mix the noble 

metal powders like Pt, Au, Pd and Ag with YSZ, SDC or GDC to prepare a dual phase 

membrane in which metal and ion conductor phases can individually transfer oxygen 

ions and electrons simultaneously. However, it is difficult to guarantee the continuous 

conducting path for each phase, often leading to super low oxygen fluxes due to the 

mismatch problem between the two phases.22  

Recently, based on the configuration of solid oxide fuel cell, a novel ion 

conducting ceramic membrane design with short circuit has been reported.32 Noble 

metals, instead of mixing with ceramics, were decorated as a thin coating layer on the 

ceramic surface. Together with electronic conducting sealant (i.e. Ag paste) as the short 

circuit, the porous metal layer functions as the continuous electric conducting phase for 

electrons shuttling between the two membrane surfaces during the oxygen exchange 

reactions. In the previous research, noble Ag or Pt was decorated on both membrane 

surfaces as the electronic conducting phase to verify this concept as schematically 

shown in Figure 3.1(d),32,33 but the high cost of these precious metals is a drawback 

for the future large-scale applications. As aforementioned, some MIEC perovskites are 

good electronic conductors with sufficient oxygen exchange kinetics and high stability 

in air atmosphere, thus they can be used as the coating material to reduce the material 

cost by replacing the Ag or Pt layer in the air (feed) side of the GDC, YSZ or SDC 

membranes during air separation.        

In this chapter, we tested this membrane design using the porous MIEC 

perovskite to coat the membrane surface facing the air side but leaving the permeate 

side still with precious metal (Ag) coating to confront the sweep gas containing CO2. 

To test this hypothesis, Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) was used as the perovskite 

phase and ion conducting membrane was selected from gadolinium-doped ceria (GDC). 

In order to fully understand the effects of different electronic conducing phases from 

ceramics or precious metals on the overall oxygen transport, some membrane samples 

were coated on both sides with BSCF and performances were compared with that from 

Ag coated membranes.      
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Figure 3.1 Schematic diagram of different oxygen permeation membrane design models. (a) 

Mixed ionic-electronic conducting oxide membranes; (b) Pure oxygen ionic conducting 

membranes with external power; (c) Ion transport membrane (ITM) reactors for syngas 

production; (d) Pure oxygen ionic conducting membranes with short-circuit coating. 

 
3.2 Experimental  
�

Ce0.9Gd0.1O2-δ (GDC) and Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) ceramic oxides were 

synthesized by a combined EDTA-citrate complexing sol-gel process. The metal 

element precursors are from their nitrate salts of Ce(NO3)2·xH2O, Gd(NO3)2·xH2O, 

Ba(NO3)2, Sr(NO3)2, Co(NO3)2·6H2O and Fe(NO3)3·9H2O, which were purchased from 

Aldrich and used as received. The stoichiometric quantities of metal nitrates in aqueous 

solution were dissolved in distilled water. Then EDTA and citric acid were added as 

the complexing agents. NH3·H2O was added into the above solution to control the pH 

value at around 6 ~ 8. The molar ratios of total metal ions, EDTA, citric acid were 

controlled at 1:1:2. The solution was heated at 90 °C to evaporate the water and obtain 

a transparent gel. The gel was pre-fired at 250 °C and heated at 700 or 950°C for GDC 

or BSCF, respectively, in air for 5 h to get the ceramic powder with desired structure.  
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To fabricate the membrane, 0.4 grams of the ceramic powder was pressed into 

a disk-shaped membrane in a stainless steel mould (15.0 mm in diameter) under a 

hydraulic pressure of approximately 1.5×108 Pa. These green membranes (~0.8 mm in 

thickness) were further sintered at 1350 °C for 10 h at a ramping/cooling rate of 

2°C/min. BSCF was dispersed in an ink vehicle mixed solution and then was coated to 

the surfaces of some GDC membranes by brush painting followed by calcination at 

1000 °C in air for 2 h. Silver slurry was applied to the surface of other GDC membranes 

by a similar brush painting and subsequently calcined at 600 °C for 2 h.  

To investigate the phase composition of membranes, the XRD analysis was 

carried out by a Bruker D8 Advance X-ray diffractometer using Cu Ka radiation 

generated at 40 kV and 30 mA. Scanning Electron Microscopy (SEM) images were 

obtained using a Zeiss EVO 40XVP at an accelerating voltage of 15 kV.  

A Shimadzu 2014A gas chromatography (GC) equipped with a 5 Å capillary 

molecule column and thermal conductivity detector for quantitative oxygen 

concentration analysis was used during the high temperature oxygen permeation test. 

To set up the permeation cell, a silver paste was applied as the sealant to fix the disk 

membrane onto a dense quartz tube. The effective membrane area was about 0.45 cm2. 

The partial pressure of oxygen in the feed stream was 0.21 atm. Helium was applied as 

the sweep gas to bring the permeated oxygen to the GC for concentration analysis. 

Assuming that leakage of nitrogen and oxygen through pores or cracks is in accordance 

with Knudsen diffusion, the fluxes of leaked N2 and O2 are related by 

21.0:79.02832:
22

´=Leak

O

Leak

N
JJ = 4.02.                                                        (Eq. 3.1) 

The O2 permeation flux was then calculated by subtracting the leaked oxygen using the 

equation below: 

!"#(ml min-1 cm-2) = $"# − $&#/4.02 	×	
.
/
                                                      (Eq. 3.2) 

 

where $"# and $0#	are the measured concentrations of oxygen and nitrogen in the gas 

on the permeate side, respectively, F is the flow rate of the exit gas on the permeate side 

(ml min-1), and S is the membrane geometric surface area of the sweep side (cm2). 

 



113 
�

3.3 Results and discussion 
�

To test the phase components of GDC membranes and the coating decorations, 

XRD analysis was carried out. Figure 3.2 shows the typical XRD patterns of the 

membranes used for oxygen permeation test. As shown in Figure 3.2(a), the 

characteristic peaks of GDC are located at the respective 2θ angles of 28° (111), 

33° (200), 47° (220), 52° (311), 58° (222), 76° (331) and 79° (420), which agrees 

with the previously reported.34,35 Figure 3.2(b) displays the XRD patterns of the 

GDC with BSCF coating on the surface. All the peaks can be clearly assigned to 

GDC and BSCF, respectively. No other undesired phases can be observed, which 

rules out the reaction between these two phases and proves the stable coexistence 

of GDC and BSCF. Figure 3.2(c) shows that the existence of Ag coating; 

however, compared to the strong diffraction signal from Ag, GDC peaks are 

relatively weak thus its observation in Figure 3.2(c) is not as distinguishable as 

that in Figure 3.2(a) or (b). 

�

Figure 3.2 XRD patterns of (a) GDC, (b) GDC coated with BSCF and (c) GDC coated with 

Ag. 

 

Figure 3.3(a) and (b) show the SEM images of the surface and cross section 

views of the pure GDC membrane with the GDC grain size of 0.5-1.0 µm (the inset of 

Figure 3.3(a)). The dense structure of sintered GDC membrane is observed not only 

from the surface but also from the cross-section view (Figure 3.3(b)) as no apparent 
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porosity can be detected in the SEM image. The BSCF was initially dispersed inside 

the ink vehicle solution and then coated on the GDC membrane followed by sintering 

at high temperature to increase the interface adhesion. The SEM of the obtained porous 

coating structure is displayed in Figure 3.3(c). As seen, the pore size is in the range of 

2-3 µm and the porous BSCF coating layer has the thickness around 5.0 µm as marked 

by the horizontal line in Figure 3.3(d); in contrast, the thick supporting bulk layer is 

the densified GDC structure (as shown in the inset of Figure 3.3(d)). The GDC 

membrane coated with Ag paste presents a porous structure as well (Figure 3.3(e)). 

The porous structure, no matter BSCF or Ag, would be used to promote the oxygen 

permeation fluxes.9,32,36 

 

 

Figure 3.3 SEM images of: (a) surface of GDC; (b) cross-section of GDC; (c) surface of GDC 

membrane decorated with BSCF coating; (d) cross-section of GDC membrane decorated with 

BSCF coating; (e) surface of GDC membrane decorated with Ag coating; and (f) cross-section 

of GDC membrane decorated with Ag coating. 
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In order to test the feasibility of the BSCF coating to promote the oxygen 

transport through the GDC membrane, three typical membranes (Samples a, b and c) 

with varied coating layers were purposely chosen to display the flux difference based 

on the similar 0.8 mm thickness of the bulk diffusion GDC layer. Sample-a has Ag 

coatings on both membrane sides; Sample-b has Ag coating on one side but the other 

side with BSCF coating; Sample-c has both sides with BSCF coatings. As shown in 

Figure 3.4, the coating of BSCF layer (Sample-b or c) on the membrane significantly 

improved the oxygen fluxes at relatively similar operating temperatures and sweep gas 

rate. For example, at 650 °C, the oxygen flux of Sample-a with Ag coating on both 

membrane sides was 0.017 ml min-1 cm-2 (Figure 3.4(a)) while the flux of BSCF 

coating in the permeate side with Ag coating still in feed side (Sample-b) was improved 

by 16%  

 

 

Figure 3.4 Oxygen permeation of GDC membrane coated with (a) Ag on both the feed side 

and the permeate side, (b) Ag on the feed side and BSCF on the permeate side and (c) BSCF 

on both the feed side and the permeate side. The sweep gas flow-rate was 100 ml min–1. 

 

to 0.02 ml min-1 cm-2 (Figure 3.4(b)). When both membrane sides were coated by the 

BSCF layer (Sample-c), the flux was further raised by 27% to 0.023 ml min-1 cm-2 

compared to Sample-a at the operation temperature of 650 °C. When the temperature 

was continuously rising, the oxygen fluxes of all the three samples had been lifted up  
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Figure 3.5 Schematic diagram showing the effects of different coatings on the oxygen 

permeation process: (a) pure electronic conductor of Ag; and (b) mixed conductor of BSCF. 

 

compared to that operated on lower temperatures; such promoting effect of temperature 

on the flux value can be easily interpreted by the temperature activation on the oxygen 

exchange surface reactions and oxygen ion bulk diffusion. However, a careful 

inspection of the flux enlargement by the BSCF coating at different temperatures 

illustrates that at higher temperatures such flux improvement is more distinguishable 

than that at lower temperatures. For instance, at 800 °C, compared to the flux of 0.043 

ml min-1 cm-2 from Sample-a, the respective fluxes of Samples-b and c were 0.075 and 

0.088 ml min-1 cm-2 with improvement percentage by 42% and 51%, respectively. The 

relative larger flux improvement with BSCF coating at higher temperatures indicating 

the percentage of surface reaction resistance in the overall resistance (surface reaction 

plus bulk diffusion) to determine the limiting step for oxygen transport gradually 

increases with the rise of the operating temperature. However, to explain theoretically 

the larger improvement in oxygen permeation obtained by coating with a mixed 

conductor such as BSCF rather than a pure electronic conductor like Ag, we need to 

consider the two membrane surface reactions:  
x
OO OeVO ®++ ×× 222

1  (air side of the membrane surface)                                                   (1); 

××× ++® eVOO O
x
o 222

1 (permeate side of the membrane surface)                                         (2). 

where 12× stands for lattice oxygen, 3"∙∙ for an oxygen vacancy and e for an electron. At 

the membrane surface facing the air, molecular oxygen is reduced to lattice (or ionized) 

oxygen with the acceptance of electrons. On the other membrane surface facing the 

sweep gas, molecular oxygen and electrons are released via the oxidation of lattice 

oxygen. Thus, each surface reaction only takes place in the respective triple-phase 
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boundary (TPB) areas. This is shown schematically in Figure 3.5(a): when the 

membrane is coated with Ag, the TPB areas marked by pink squares are the points 

where Ag, GDC and oxygen (or the sweep gas He) can meet to make the surface 

reactions possible. This requires the Ag coating layer to be continuous, uniform and�

porous, with a strong adherence to the GDC surface. However, the Ag coating produced 

via brush-painting and a high temperature treatment is agglomerated; in this instance 

the GDC areas covered by the Ag agglomerates (marked in Figure 3.5(a) by the dotted 

rectangle) are sacrificed and do not contribute to the surface reactions. In another word, 

the large Ag particles from the coating layer block the ionic bulk diffusion as a result 

of the very limited TPB area. However, this restriction is removed if the coating layer 

is replaced by a mixed conductor such as BSCF (Figure 3.5(b)). Here, the TPB area is 

expanded from the area marked by the pink squares to the entire particle surface of 

BSCF, thus improving the kinetics of the oxygen surface reaction. Of course, the BSCF 

particles should adhere strongly to the GDC surface to decrease the interfacial 

resistance to ionic or electron transport. This is why a mixed conductor-BSCF coating 

on GDC improves the oxygen permeation flux compared with an Ag coating. A similar 

observation was made by Wang et al.37 and Imashuku et al.,38 who used a pulse laser 

method to deposit La0.8Sr0.2CoO3-δ oxide on an SDC membrane. 

In addition to temperature activation, Figure 3.6 shows that the oxygen flux can 

also be increased by increasing the sweep gas flow-rate, which lowers the oxygen 

partial pressure on the permeate side, thus increasing the partial pressure gradient of 

oxygen. For example, the oxygen flux through the membrane of sample c increased 

from 1.02 to 1.21 ml min–1 cm–2 as the sweep gas flow-rate was increased from80 to 

120 ml min–1 at 850 °C. In this work, which used ambient air and He as the feed and 

sweep gases, respectively, the largest oxygen partial pressure gradient only reached 

0.21/0.001. However, under the reaction conditions in industrial applications, the air 

used as the feed gas is pressurized to 50 atm and the permeated oxygen is consumed in 

the reaction so that the oxygen partial pressure gradient can be as large as 10/10–16 atm. 

Under such circumstances, the oxygen flux is very fast. Therefore the factor that 

restricts the performance of the reaction is not the oxygen flux, but the stability of the 

membrane materials in real-life applications. 

If the oxygen flux is completely controlled by bulk diffusion as the membrane 

surface coating improves the oxygen exchange surface reaction kinetics to a minimum 
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resistance, we can estimate the maximum theoretical oxygen flux based on the Wagner 

equation:  

 !"# =
67

89.#:
;< ln

?@#
A

?@#
AA                                                                                            (Eq. 3.3) 

where T is the absolute temperature, R is the ideal gas constant, F is the Faraday 

constant, L is the thickness of the membrane, σi is the oxygen ion conductivity of GDC, 

and B"#
C 	and B"#

CC 	are the oxygen partial pressures at the feed and permeate sides of the 

membrane. 

 

 
 
Figure 3.6 Effect of sweep gas flow-rate on oxygen permeation fluxes. 

 
Table 3.1 Oxygen ion conductivity and theoretical oxygen permeation flux of GDC 
membrane coated with BSCF on both sides. 

Temp °C ;<	(S cm-1) 39 Theoretical !"#  
(ml min-1cm-2) 

Measured !"#  
(ml min-1cm-2) 

600 4.05·10-3 0.018 0.016 
650 8.44·10-3 0.039 0.023 
700 1.29·10-2 0.063 0.038 
750 2.03·10-2 0.104 0.065 

 

A number of studies have been carried out to measure the oxygen ion 

conductivity of the GDC membrane.39–43 There may be minor differences in the 

conductivity values when using different synthesis methods for GDC. Table 3.1 shows 



119 
�

the oxygen ion conductivity at different temperatures from previously published data.39 

The maximum theoretical oxygen flux was then calculated using the results in Table 

3.1. Compared with the theoretical oxygen flux, the measured fluxes in this work were 

10–40% smaller, indicating that the surface reaction kinetics contributed a certain 

resistance in limiting the overall oxygen transport. 

Two types of coated GDC membranes (samples c and d) were tested for long-

term use by adding CO2 to the sweep gas on the permeate side. Sample c has BSCF 

coatings on both sides of the membrane, but sample d consisted of GDC coated by Ag 

on one side of the membrane and BSCF on the other. Figure 3.7 shows the stability 

performance tests of two typical membranes. During the test, the BSCF coating side of 

the membrane in sample d faced the feed air and the side with the Ag coating faced the 

sweep gas containing CO2. As expected, the oxygen flux of sample c coated on both 

sides with BSCF showed a continuous decrease when the sweep gas was switched from 

pure He to a mixture with 10% CO2 (Figure 3.7(a)). At 800 °C and after 600 minutes, 

the flux for sample c decreased by more than 50%. After the sweep gas had been 

changed back to pure helium, the oxygen flux could not be recovered to its original 

value as a result of the formation of carbonate from the reactions between the alkaline 

earth metals (such as Ba/Sr) and CO2.27,44 In sharp contrast, sample d worked very well 

under these conditions. The GDC membrane with coatings of BSCF and Ag showed 

very stable oxygen fluxes in either pure He or mixtures containing CO2. Figure 3.7(b) 

shows that, after introducing CO2 into the He sweep gas, the flux value was slightly 

lowered, but could be maintained at a stable value of 0.044 mL min–1 cm–2. The 

temporary decrease in flux with the introduction of CO2 is a result of the stronger 

adsorption of CO2 to the membrane surface relative to helium, not due to the reaction 

between CO2 and GDC. The wide application of GDC as a solid electrolyte in solid 

oxide fuel cells verifies that it is sufficiently stable to withstand gases such as CO2 and 

CH4.45 Therefore when the sweep gas was switched back to pure He, the oxygen flux 

was quickly recovered to the original value. 
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Figure 3.7 Long-term oxygen permeation tests through GDC membranes coated with (a) BSCF 

on both sides and (b) BSCF on feed side and Ag on the sweep side. The sweep gas flow-rate is 

100 ml min–1. 

 

3.4 Conclusions 
�

Based on the working principles of solid oxide fuel cells, a short circuit robust ion 

conducting ceramic membrane configuration has been proposed to overcome the weak 

stability of ceramic membranes in atmospheres of CO2 or reducing gases at high 

temperatures.32 However, this reported design had a high cost because it used expensive 

noble metals on both sides of the membrane. This study demonstrated the feasibility of 

using a cheaper mixed conducting ceramic coating for electronic conduction on robust 

ion conducting ceramic membranes for oxygen separation. To illustrate the concept, 
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GDC membranes coated with BSCF or Ag paste were used as ion conducting 

membranes with a mixed or pure electronic conductor, respectively. The experimental 

results show that the replacement of the Ag coating on the GDC membrane by BSCF 

significantly improved the oxygen flux as a result of the increased TPB area, with 

improved oxygen-exchange surface reaction kinetics. The maximum oxygen flux was 

0.13 ml min–1 cm–2 at 850 °C with a dense GDC thickness of 0.8 mm and with both 

sides of the membrane coated by BSCF. The GDC membrane with a BSCF coating 

facing the air and an Ag coating exposed to a CO2 mixture was very stable during a 

long-term permeation test, making it suitable for clean energy applications such as the 

Oxyfuel project and in membrane reactors for the production of syngas. 
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Chapter 4: Oxygen permeation behavior through 

Ce0.9Gd0.1O2-δ membranes electronically short 

circuited by dual-phase Ce0.9Gd0.1O2-δ–Ag 

decoration 
 
Abstract 

 
Electronically short-circuited ion conducting fluorite membranes for air separation are 

a relatively novel category of ceramic membranes overcoming the long-standing 

stability problem of the state-of-the-art perovskite membranes under reducing and 

acidic conditions. Such robust membranes have particular potential to further improve 

the economics of clean energy projects and syngas production. In this work, we adopted 

the conventional dual-phase membrane idea to decorate the fluorite membrane surface. 

Previously, a pure noble metal layer was employed as an electronic decoration layer 

which displayed several limitations. In this work, instead, a dual-phase mixture of 

Ce0.9Gd0.1O2-δ (50 wt%)–Ag (50 wt%) was applied as the decoration layer of the 

Ce0.9Gd0.1O2-δ bulk membrane. Such a strategy not only reduces the material cost and 

enhances the interface adherence but also significantly improves the O2 flux rates as 

more triple-phase boundary area is created for surface O2 exchange reactions. We 

further confirm the stability of the resultant short-circuited Ce0.9Gd0.1O2-δ membrane 

during the 130-hour permeation test at high temperatures under a CO2 containing 

atmosphere. 

 
4.1 Introduction 

 
Mixed ionic-electronic conducting (MIEC) ceramic membranes are a highly active 

research topic given their potential to replace the conventional high cost oxygen 

production method with savings around 35% by a novel cost-effective membrane 

separation technology.1–3 MIEC ceramic membranes have been majorly classified into 

single phase perovskite oxides and dual phase membranes. These perovskite 

membranes are successfully developed from the viewpoint of pure oxygen production. 
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This is due to the relatively mild operating conditions for air separation as the 

membranes are only exposed to atmospheres of pressurized air and pure oxygen. Such 

success is evidenced by the progress of the ion-transport-membrane (ITM) project from 

Air Products (US) as it is currently in phase-5, using wafer-like planar ceramic 

membrane modules with an oxygen production capability of 2000 tons per day.3 Such 

an achievement is very encouraging as this is the first example of ceramic membrane 

application in gas separation on a large scale. This cost-effective method will 

undoubtedly advance many sectors of the global economy from a variety of industries 

like metal manufacturing, chemicals, pharmaceuticals, petroleum, glass, cement, 

ceramics, and pulp/paper manufacturing as all of them need a large quantity of pure 

oxygen as the oxidant. However, the stability of these perovskite membranes is low and 

cannot be applied in atmospheres containing reducing or acidic gases like CH4, H2, CO 

and CO2 due to the reactions of perovskites and these gases; otherwise, they can be 

more economically applied in recently emerging markets, and clean energy 

technologies (IGCC and Oxyfuel projects).4–8 It has been estimated that these clean 

energy projects will expand the oxygen market from the current 4% to 60% in 2040 

with an O2 requirement of approximately two million tons per day.9 Nonetheless, the 

robust dual phase membrane with strong chemical stability has the potential to fill this 

gap despite quite low O2 permeation flux, which can be improved by engineering 

approaches e.g. by developing a very thin dense layer on top of a thick porous 

substrate.10–15 Once there is a breakthrough, this novel ceramic membrane reactor 

technology will greatly advance our current petrochemical industries and clean energy 

technology deployment as it can save 20 to 30% of the capital cost for the overall 

synthesis gas and H2 production.3,16 In particular, it will help to improve the viability 

of the Oxyfuel project by providing artificial “air” – 30% of O2 in CO2 for clean 

combustion; in this case, the existing power plants can be easily retrofitted for CO2 

capture and storage rather than setting up a new boiler system.17 

Different from single perovskite membranes where the required mixed (oxygen 

ionic and electronic) conduction is completed in one phase, dual phase membranes 

comprise an ionic conducting phase and an electronic conducting phase, to fulfill these 

two functions separately.18–23 These essentially pure ionic conductors which are 

currently attracting intense interest are fluorite-type ceramics such as samarium-doped 

ceria (SDC), gadolinium-doped ceria (GDC) and yttria-stabilized zirconia (YSZ). The 

accompanying electronic conductor is one of the noble metals such as Au, Ag, or Pd. 
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In order to save the material cost, other cheaper electronic conducting perovskites or 

spinels are also attempted in this dual phase membrane design, but their chemical 

stability is still a concern. Figure 4.1(a) briefly displays the working principles of ionic 

transport through such membranes. Due to the requirement of continuous material 

pathways for individual ion and electron transport, 40% by volume fraction is 

frequently required from each phase using the conventional preparation protocols, e.g. 

mixing, pressing and sintering.24 However, this preparation method often results in 

many isolated areas (referred to as an “island”) from each of the two phases i.e. marked 

by red rings in Figure 4.1(a); these islands would not contribute as a part of the dual 

phase membrane. This unfavorable mutual blocking effect greatly reduces the O2 flux 

rates, in some cases, several orders of magnitude lower than that of the perovskite 

membranes.24 Novel methods to achieve the uniform mixing of the two phases at a 

molecular level would of course help to improve the membrane performance, but the 

particle aggregation during the subsequent sintering would put a similar limit on the 

enhancement. On the other hand, the electronic conductivity of these noble metals is 

much higher than the ionic conductivity of the fluorite oxide phase; thereby ionic 

conduction is normally the limiting factor determining the bulk diffusion resistance. 

This provides another guideline for synthesis of the dual phase membrane; the ionic 

conducting phase should be formulated as much as possible and the electronic 

conducting phase should be reduced to a minimum amount as long as its continuous 

material phase is maintained as schematically shown in Figure 4.1(b). Chen et al. 

showed this effective strategy by using a coating method to prepare such a dual phase 

membrane where the SDC content was up to 80 vol.% balanced by the fibre-shaped 

electronic conducting phase.25 They observed that the SDC increment improved the O2 

flux by 90% when operated at 950 °C, compared to the dual phase membrane with 60 

vol.% SDC. 

Recently, a novel membrane design has attracted much research interest using 

short circuit decoration on the two membrane surfaces, SDC or GDC, (Figure 4.1(c)) 

based on the solid oxide fuel cell configurations.13,26–28 In such a way, the entire SDC 

or GDC bulk membrane, without mixing with other phases, can be solely used for ion 

transport where the electron transport occurs via the external short-circuit from the 

surface coatings and the sealant. More recently, Caro's group published an interesting 

paper using the Nafion® membrane via a similar short-circuit design without applying 

an electrical voltage for hydrogen separation at room temperature.29 
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Figure 4.1 Cross-section schematic diagram of: (a) dual-phase membrane, (b) dual-phase 

membrane with a minimum electronic conducting phase, (c) membrane with external short-

circuit decoration and (d) membrane with dual-phase external short-circuit decoration. 

 
Different from molecular sieving membranes where the separation is a pure 

physical process, O2 permeation through the ion conducting membrane also involves 

surface exchange reactions which usually take place in the triple-phase boundary (TPB) 

area. In our previous short circuit design, a pure noble metal of Ag or Pt was applied, 

which not only results in high material costs but also provides very limited TPB area 

for surface reactions thus leading to lower O2 flux. 

In this work, a novel dual-phase decoration by mixing Ce0.9Gd0.1O2-δ and Ag 

was examined to short-circuit the Ce0.9Gd0.1O2-δ bulk membrane surfaces for O2 

separation (Figure 4.1(d)). Compared to the previous decoration using a pure noble 

metal coating, this dual phase decoration strategy brings in at least three advantages in 

terms of reduced material cost, improved O2 flux rates due to the expanded TPB area 
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and promoted interface adhesion by reduced thermal expansion mismatch. The current 

work is aimed to provide a new understanding towards the longstanding ambition to 

realize robust membranes or membrane reactors for a clean environment and greener 

chemical synthesis. 

 
4.2 Experimental 

 
4.2.1 Synthesis of fluorite oxide powder and disk membranes 

 
Ce0.9Gd0.1O2-δ (GDC) powder was synthesized using a combined EDTA-citrate 

complexing sol–gel process. The metal nitrate precursors are Ce(NO3)3·6H2O (Sigma-

Aldrich, 99.99% purity) and Gd(NO3)3·6H2O (Sigma-Aldrich, 99.9% purity). 

Stoichiometric quantities of these metal nitrates were dissolved in distilled water 

resulting in an aqueous solution. EDTA (Sigma-Aldrich, 99.0% purity) was dissolved 

in NH3·H2O (Sigma-Aldrich, 28.0–30.0% NH3) and added into the aqueous solution 

followed by the addition of citric acid (Sigma-Aldrich, 99.5%). An extra amount of 

NH3·H2O was added into the solution to adjust the pH value between 6 and 8. The 

molar ratio of the (total) metal ions, EDTA and citric acid was kept at 1 : 1 : 2. The 

solution was then heated at 100 °C to evaporate the water resulting in a transparent gel. 

This gel was later pre-fired at 250 °C for 3 h and calcined at 700 °C in air for 5 h; 

resulting in a fluorite oxide powder precursor. 

For membrane preparation, ~0.5 g of the powder precursor was pressed into a 

disk in a stainless-steel mold (15.0 mm in diameter) under a hydraulic pressure of 

approximately 1.5 × 108 Pa. These disks (~1.0 mm in thickness) were then sintered at 

1450 °C for 10 h using a ramping and cooling rate of 2 °C min-1. For comparison, the 

Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) membrane was also fabricated through the above 

EDTA–citrate method with the final sintering temperature at 1100 °C for 5 h. A GDC–

Ag slurry mixture was used as the coating material. Ag paste (~85 wt%) was used as 

the metal decoration. Several different GDC–Ag slurries with a weight ratio of (GDC 

to Ag) 8 : 2, 6 : 4, 5 : 5, 4 : 6 and 2 : 8 were prepared by stirring for 1 h. A terpineol 

based solution (Ink vehicle, Fuel Cell Materials), which is often used to create ceramic 

paste, was added as a solvent to adjust the slurry viscosity. The best viscosity was 

attained when the weight ratio of GDC to the ink vehicle was kept at ~1 : 2. The slurry 

was applied onto the surface of the disk by painting with a brush. As reference data, Ag 



129 
�

paste and GDC powder mixed with an ink vehicle were also prepared as a coating onto 

the disk. The weight of the disk was measured before and after coating to obtain a 

consistent weight of coating. After coating, all disks were heated in air at 900 °C for 5 

h. Table 4.1 lists several different decoration configurations for this work. 

 

Table 4.1 GDC membranes with different configuration of decoration 

Decoration No Decoration materials 
0 No decoration 
I GDC-Ag (8:2) mixture on both feed and permeate sides 
II GDC-Ag (6:4) mixture on both feed and permeate sides 
III GDC-Ag (5:5) mixture on both feed and permeate sides 
IV GDC-Ag (4:6) mixture on both feed and permeate sides 
V GDC-Ag (2:8) mixture on both feed and permeate sides 
VI Ag on both feed and permeate sides 
VII-1 GDC-Ag (6:4) mixture on feed side and Ag on permeate side 
VII-2 GDC-Ag (6:4) mixture on permeate side and Ag on feed side 
VIII-1 GDC-Ag (5:5) mixture on feed side and Ag on permeate side 
VIII-2 GDC-Ag (5:5) mixture on permeate side and Ag on feed side 
IX-1 GDC-Ag (4:6) mixture on feed side and Ag on permeate side 
IX-2 GDC-Ag (4:6) mixture on permeate side and Ag on feed side 

 

4.2.2 Characterization and analysis 
	
The phase and structure of the disks were determined by powder X-ray diffraction 

(XRD) analysis on a Bruker D8 Advance X-ray diffractometer with Cu-Ka radiation 

(40 kV and 30 mA). The disk morphology was probed using a Zeiss Neon 40EsB 

FIBSEM scanning electron microscope (SEM) equipped with an energy dispersive X-

ray (EDX) analyzer (15 kV accelerating voltage).  

The gas composition of the permeate stream was analyzed using a Shimadzu 

2014A gas chromatograph (GC) equipped with a 5 °A capillary molecule column and 

thermal conductivity detector. The disk was fixed onto the quartz tube and sealed using 

silver paste. The effective disk membrane area was 0.45 cm2 calculated using the inner 

diameter of the quartz tube. The disk was exposed to ambient air with an oxygen partial 

pressure of 0.21 atm. Ultra-high purity helium (BOC, 99.999%) was applied as the 

sweep gas to carry the permeated oxygen to the GC. Assuming that the leakage of 

nitrogen and oxygen through pores or cracks follows Knudsen diffusion, the O2 leakage 

can be obtained from N2 leakage from the relationship of 
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N JJ  = 4.02. The O2 permeation flux can be obtained 

after subtracting the O2 leakage using the equation below: 

															!"#(mL min-1 cm-2) = $"# − $&#/4.02 	×	
.
/
          (Eq. 4.1) 

	
where $"# and $&# are the concentration of oxygen and nitrogen in the permeate stream, 

respectively, F is the flow rate of the permeate stream (mL min-1) and S is the effective 

disk membrane area (cm2). 

The electrochemical impedance spectra of the decorated GDC were tested at 

650–800 °C using a GAMRY electrochemical workstation with a frequency of 0.1–105 

Hz, and the signal amplitude was 10 mV. Helium of 100 mL min-1 was applied to the 

permeate side during the test. The GDC–Ag mixture was decorated onto a 1 mm thick 

GDC membrane with an effective area of ~0.3 cm2, and was connected with Ag wire. 

 
4.3 Results and discussion 

 
Figure 4.2 depicts the powder X-ray diffraction patterns of a typical Ce0.9Gd0.1O2-δ 

(GDC) disk membrane decorated with a GDC–Ag dual-phase mixture on the feed side; 

represented by GDC–Ag (5 : 5). The GDC phase co-existed with the Ag phase since 

the peaks can be resolved into two sets of characteristic peaks; one from CeO2 (PDF no. 

43-1002) and another from Ag (PDF no. 65-2871).30 No other additional peaks were 

observed, indicating the absence of the reaction between GDC and Ag and the inertness 

of both phases, at least up to 900 °C. 

We utilized a simple brush-painting method to decorate the disk membrane as 

reported previously.31,32 The surface morphology of the GDC membrane decorated with 

GDC-Ag mixture of different weight ratios is shown in Figure 4.3(a-e). For the 80 wt.% 

GDC (balanced by 20 wt.% Ag) containing decoration, Figure 4.3(a) indicates the 

formation of a porous decoration layer with increased surface area (relative to the dense 

disk surface) which is expected to improve the surface kinetics. Upon adding the Ag 

content to 40 wt.% (Figure 4.3(b)), several distinct particle spots start appearing on the 

surface (one of which is confined within the red circle). These brighter spots are Ag 

grains, which become uniformly distributed all over the surface at 50 wt.% Ag (Figure 

4.3(c)) and dominate at even higher contents of 60 and 80 wt.% Ag (Figure 4.3(d) and 

Figure 4.3(e)). This observation is reminiscent of the previously for yttria-stabilized 
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zirconia-Pd and Bi1.5Y0.3Sm0.2O3-Ag composite membranes.19,22 Figure 4.3(f) in turn 

shows the interface between the dense GDC disk membrane and GDC-Ag (5:5) 

decoration. The decoration adheres well to the disk surface. 

 

 
Figure 4.2 Typical powder x-ray diffraction pattern of GDC membrane decorated with GDC-

Ag mixture (Represented by GDC-Ag (5:5)). 

 

To check the characteristics of the electronic conducting phase, Ag distribution 

was probed using energy dispersive x-ray (EDX) mapping; the results of which are 

displayed as Figure 4.4. White spots represent Ag locations; the amount of which is 

increasing with higher Ag content. For 20 and 40 wt. % Ag-containing decorations, Ag 

phase are surrounded by GDC phase (Figure 4.4(a) and (b)). Here, Ag grains are 

lumped and therefore, are quite isolated from each other. At higher than 40 wt.% Ag, 

Ag grains can be spotted almost everywhere (Figure 4.4(c) and (d)); which indicates 

that the Ag phase become continuous. This assessment brought forward the hypothesis 

that the improved electronic conductivity arisen from continuous electronic conductor 

network is attained only for a higher than 40 wt.% Ag composition. 

Figure 4.5 depicts the temperature-dependent oxygen permeation fluxes of 

GDC disk membranes using different compositions of Ag-GDC decorations in feed and 

permeate sides. With the exception of sample 0 and VI, all other samples (samples I-V) 

were decorated with identical dual-phase compositions on feed and permeate sides. The 

results reflect the average of three repeated measurements with an error margin within  
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Figure 4.3 Scanning electron microscope images on the surface of GDC membranes decorated 

with GDC-Ag mixture: (a) GDC-Ag (8: 2) (c I), (b) GDC-Ag (6: 4) (sample II), (c) GDC-Ag 

(5: 5) (sample III), (d) GDC-Ag (4: 6) (sample IV), (e) GDC-Ag (2: 8) (sample V) and (f) on 

the cross-section image of GDC membranes coated with GDC: Ag mixture: GDC-Ag (5: 5) 

(sample III), inset is the magnification image of interface area. 

 
10%. Sample 0 with no decoration showed the lowest oxygen flux due to the lack of 

electronic conductivity. Similar as sample 0, sample I with 20 wt.% Ag decoration 

started to permeate oxygen at above 750 oC. It showed the lowest fluxes among all 

decorated membranes with the largest flux of 0.022 mL min-1 cm-2 at 850 °C. This value 

is quite similar to the reported oxygen flux for samarium-doped ceria membrane, 

Sm0.2Ce0.8O1.9 in the absence of surface decoration.13,26 For sample II utilizing 40 wt.% 

Ag decoration, increased oxygen fluxes are noted at all tested temperatures due to 

formation of more TPBs (will be discussed in more detail below). The flux reaches 

0.034 mL min-1 cm-2 at 850 °C. Relative to sample II, the oxygen fluxes of sample III 

with 50 wt.% Ag decoration markedly increase by up to an order of magnitude. The  
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Figure 4.4 Energy dispersive mapping of Ag on GDC-Ag decoration: (a) GDC-Ag (8: 2) 

(sample I), (b) GDC-Ag (6: 4) (sample II), (c) GDC-Ag (5: 5) (sample III), (d) GDC-Ag (2: 8) 

(sample V). 

 

 

Figure 4.5 Oxygen permeation fluxes of GDC disk membranes decorated with a GDC–Ag 

mixture or Ag (refer to Table 4.1 for the configuration). 

 

largest flux was 0.128 mL min-1 cm-2 at 850 °C. This phenomenon supports our 

hypothesis above. Since the Ag phase became continuous at this composition, the 

percolation threshold of GDC-Ag is therefore 50 wt.%. Above this threshold, the 
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oxygen transport is no longer limited by the electronic conductivity. The oxygen ionic 

conductivity alternately, can be argued as a more dominant factor onward. The 

progressive decrease of fluxes encountered on going from sample III to sample IV and 

finally to sample V seems to correlate with the amount of fluorite phase in these samples’ 

decorations. As a reference, the performance of sample VI with Ag decoration on feed 

and permeate sides is included; displaying a maximum flux of 0.061 mL min-1 cm-2 at 

850 °C. Notably, the performance of sample VI was lower than the performances of 

samples III-V, yet higher than those for samples I and II. The observed trend in Figure 

4.5 can be explained in terms of the contributions from electronic conductivity and the 

triple-phase boundaries (TPBs); where the latter is defined as the contact area between 

ionic conductor (oxygen ions), electronic conductor (electrons) and gas phase (oxygen 

gas).33-36 Despite the formation of more TPBs attained from adding the isolated Ag 

(metal) phase to continuous GDC (fluorite) phase, the enhanced surface activity (for 

samples I and II) could not overtake the performance of Ag decoration (of sample VI) 

given their limited electronic conductivity. Once the Ag phase percolated, the electronic 

conductivity limitation was surpassed (for samples III, IV and V) and the performance 

could be rationalized based on the amount of TPBs (which was reduced upon 

decreasing the amount of the fluorite phase, assuming Ag phase is the dominant phase). 

According to our previous calculation,31 the obtained oxygen fluxes here are lower than 

the theoretical value. This indicates that the surface resistance contributes to limit the 

overall oxygen permeation although we applied effective surface decoration. 

The calculated activation energy values reflect the beneficial effect of using 

optimized dual-phase compositions where the fluxes for sample III provided 

substantially lower activation energy (63.76 kJ mol-1) with respect to the fluxes for 

sample I (166.77 kJ mol-1) and sample VI (104.16 kJ mol-1) at temperature range of 

700-850 °C. Since lower activation energy implies less dependence of performance 

with temperature change, it is of interest particularly when high performance at lower 

temperatures is sought after.    

We re-confirmed the effect of the TPBs by implementing Ag decoration on the 

permeate side or feed side (instead of dual-phase decoration) for 3 samples (compare 

samples VII-1-IX-2 to the originals, samples II-IV – Refer to Table 1). Figure 4.6 

reveals that the oxygen fluxes of the resultant samples, denoted as samples VII-1, were 

inferior to the fluxes of the original configurations (samples II- IV) (See also Figure 

4.5), but better than samples VII-2, VIII-2 and IX-2, giving evidence that the presence 
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of TPBs in the feed side was essential to enhance the surface reaction here e.g. oxygen 

gases dissociation into oxygen ions.  

 

 
Figure 4.6 Oxygen permeation fluxes of GDC disk membranes with asymmetric decoration 

(Refer to Table 4.1 for the configuration). 

 
Our discussion on the percolation concept and TPBs is illustrated in Figure 4.7. 

The green and grey colored substrate corresponds to oxygen ionic and electronic 

conductor phase, respectively. Figure 4.7(a) shows the oxygen permeation process 

with single Ag decoration, while Figure 4.7(b) shows that with dual-phase GDC-Ag 

decoration. For both kinds of decoration, the surface exchange reactions on the feed 

and permeate side are: 

         ´×× ®++ OO OeVO 22
1

2  (feed side)                                                             (1)  

             ×××´ ++® eVOO Oo 22
1

2 (permeate side)                                                 (2) 

These reactions occur on the TPBs (purple square section on Figure 4.7(a) and (b)). 

Here the TPBs are the connection points of GDC, Ag and gas (oxygen or He). For single 

Ag decoration, the Ag will be agglomerated during the high temperature treatment, 

leading to the coverage of GDC areas by large Ag particles, therefore decreasing the 

TPB areas (Figure 4.7(a)). In this case, the very limited TPB areas result in the less 

reaction sites for oxygen deposition and diffusion on GDC membrane. By decorating 
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dual phase GDC-Ag, the Ag agglomeration is restricted due to the existence of GDC 

particles around Ag particles. In addition, the TPB areas can form at every interface 

between GDC and Ag particles (more purple squares section in Figure 4.7(b)). The 

increased amount of the reaction sites leads to increased surface reaction activity; more 

oxygen is decomposed on the surface and then transfers to the dense GDC membrane. 

Of course, a strong adhesion between the decoration layer and GDC membrane is 

essential to guarantee the oxygen ion transfer, which can be confirmed by Figure 4.3(f). 

Upon increasing the amount of Ag beyond 50 wt.%, the amount of TPBs is expected to 

decrease due to the less amount of GDC phase (in contact with the Ag phase) as well 

as the agglomeration of Ag. However, decreasing the amount of Ag below 50 wt.% 

results in the decrease of continuous electronic conducting paths, leading to the low 

oxygen flux.  

 

 
Figure 4.7 Schematic diagram showing the effects of different coatings on the oxygen 

permeation process: (a) pure electronic conductor of Ag; and (b) dual-phase GDC-Ag. 

 

We further studied the effect of decoration from the view of electrochemistry. 

Figure 4.8 shows the electrochemical impedance spectra (EIS) of GDC membranes 

coated with different decorations (sample I to sample VI) at open circuit voltage at 

different temperatures. Based on previous research of EIS of oxygen separation 

membranes37-40 and the data from this study, the results were evaluated based on an 

equivalent circuit with a configuration of LRohm(RCPE)1(RCPE)2 (Figure 4.8(g)), 

where L is ascribed to the inductance of Ag leads and current collectors; Rohm includes 

the ohmic resistance from the electrolyte (bulk membrane), the electrode (decoration) 

and the Ag lead and current collector; R1 and R2 are surface polarization resistance (Rp) 

including electron transfer, oxygen surface adsorption/ dissociation and surface 
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diffusion; Rohm and Rp present the total ohmic resistance of the decorated membrane, 

denoted as Rt (Refer to Figure 8a 800 °C as an example).37,40 From Figure 4.8(a-f), it 

is observed that the ohmic resistance of sample I is larger than sample II, and both are 

larger than the rest samples, which have a similar ohmic resistance. For example, at 

800 °C, the ohmic resistance of sample I is 4.24 Ω cm-2, compared with 3.09 Ω cm-2 of 

sample II and about 1.20 Ω cm-2 of the other four samples. This is quite consistent with 

our analysis that the electronic conductivity was not sufficient when Ag content was 

lower than 40 wt.%. Furthermore, 50 wt.% Ag is a threshold value, above which the 

Ag particles are continuous and provide highest electronic conductivity for the oxygen 

permeation process. High oxygen surface reactivity is reflected by low Rp. Taken the 

test at 800 °C as an example, the Rp of sample III was 0.33 Ω cm-2, which is lower than 

0.39, 0.87, 1.38,1.70 and 2.85 Ω cm-2 of samples IV, V, VI, II and I, respectively, 

mirroring that the 50 wt.% Ag provides sufficient electronic conductivities and the 

maximum TPBs. For sample III, the largest amount of TPBs can promote the oxygen 

surface reactions to a maximum state thus providing the best flux values. On the other 

hand, the total resistances for all samples are still high, suggesting that the oxygen 

permeability of membranes is determined by both bulk diffusion and surface exchange 

reactions. Therefore, oxygen permeation flux can be increased through decreasing bulk 

diffusion resistance apart from the surface decoration. 

Figure 4.9 shows evidence that the oxygen permeation process through GDC 

disk membranes decorated by GDC-Ag (5:5) is partly limited by the bulk-diffusion step. 

When the bulk-diffusion step dominates, the oxygen flux has a reciprocal relationship 

to the membrane thickness. At 850 oC, reducing the thickness from 1.5 mm to 1 mm 

gives ~60% higher fluxes (from 0.079 to 0.128 mL min-1 cm-2). Less enhancement is 

noted upon reducing the thickness further from 1 mm to 0.6 mm e.g. ~30% from 0.128 

to 0.167 mL min-1 cm-2). This is in accordance with the more prevalent role the surface 

reaction step plays at a lower thickness. It can be noted that the enhancement of oxygen 

fluxes are more evident at higher temperatures in view of the thermally activated nature 

of both bulk-diffusion and surface reaction steps.19,41,42 

Another process variable which affects the oxygen fluxes through GDC disk 

membrane decorated by GDC-Ag (5:5), to a much less extent than temperature, is the 

oxygen partial pressure on the permeate side (Figure 4.10). Decreasing the effective 

oxygen partial pressure can be achieved by increasing the sweep gas flow rate. The 

relationship between oxygen fluxes and the oxygen partial pressure follows the Wagner 
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equation: 

       !"# =
67

89.#:
;< ln

?@#
A

?@#
AA                                  (Eq. 4.2) 

Where R is the ideal gas constant, T is the absolute temperature, F is the Faraday 

constant, L is the thickness of membranes, σi is the oxygen ion conductivity, and B"#
C  

and B"#
CC  are the oxygen partial pressure at the feed and sweep side.  

 

 

Figure 4.8 Impedance spectra of decorated GDC at different temperatures, (a)–(f) correspond 

to sample I–sample VI, and (g) is the equivalent circuit. 
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Figure 4.9 The thickness dependence of oxygen permeation fluxes of GDC disk membranes 

decorated with the GDC–Ag (5 : 5) mixture (sample III). 

 

 
 
Figure 4.10 The effect of sweep gas flow rate on oxygen permeation fluxes of GDC disk 

membranes decorated with the GDC–Ag (5 : 5) mixture (sample III). 

 
For practical operations, long-term performance and stability of the membrane 

is important. Stability to CO2 in particular, is of interest for Oxyfuel applications.15,43,44 

We carried out stability test by operating the GDC disk membrane decorated by GDC-
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Ag (5:5) at 800 oC and exposed the membrane to a pure helium stream and a mixture 

of He and CO2 sweep gas (Figure 4.11(a)). The membrane maintained fluxes of ~0.091 

mL min-1 cm-2 during the initial 20 hours. Introduction of 10 vol.% CO2 induced minor 

reduction, ~24 % drop from the initial fluxes, which is related to the CO2 adsorption on 

the membrane surface impeding some reaction sites.41,45,46 During the next 130 hours 

testing using 10 vol.% CO2, no flux decay was observed; most likely due to the 

excellent resistance of GDC towards CO2.47,48 More importantly, the initial fluxes 

values could be recovered when the sweep gas was switched back to He. This full 

recovery rules out the presence of reactions between the membranes and CO2. We also 

noticed that the decoration was still strongly attached to the membrane surface after the 

test. Compared to the pure Ag coating, the thermal expansion mismatch of the 

decoration from the dual phase (GDC+Ag) coating with the bulk membrane GDC has 

been reduced, thus resulting in a more stable membrane integration. 

For comparison purposes, the oxygen flux values of BSCF membrane (1.5-mm-

thickness) operated at similar conditions were also presented in Figure 4.11. As can be 

seen, compared with single phase perovskite membranes, the initial flux through the 

short-circuited GDC membrane is 10 times lower. Thus the GDC membrane is not 

intended for pure oxygen production but mainly for membrane reactors such as syngas 

production from methane. Under these reaction conditions, the oxygen in the permeate 

side will be consumed by the reaction, creating a much larger oxygen concentration 

gradient through the membrane than that employed in this operating condition by inert 

sweep gas, i.e., 0.21 atm (air)/10-8 to 10-16 atm as opposed to 0.21 atm (air)/10-3 atm 

(sweep), which will no doubt drive the oxygen flux to a much higher value. Also 

noteworthy is that the oxygen flux rate through BSCF membrane (Figure 4.11(b)) 

dropped sharply and could not be recovered after introducing 10 vol.% CO2 inside the 

sweep gas despite only 28 hours operation due to the surface reactions with CO2 causing 

permanent membrane damage. In comparison with our previous short-circuited SDC 

membranes, the observed oxygen fluxes in this work are lower. We attribute this mainly 

to the lower ionic conductivities of gadolinium-doped ceria (GDC) relative to samarium 

doped ceria (SDC) which were used in our previous works.49-52 In theory, the maximum 

oxygen fluxes can be calculated assuming that the surface reactions do not pose any 

resistance to overall oxygen transport rate which is completely controlled by the ionic 

bulk diffusion. According to the theoretical calculation of such maximum oxygen flux 

achieved for a short-circuited GDC, i.e., ~0.25 mL min-1 cm-2 at 800 oC,53 our observed 
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flux (~0.09 mL min-1 cm-2 at 800 oC) for sample III is quite reasonable given that in 

reality the resistance of the surface reactions also limits the overall oxygen transport.  

 

 
 
Figure 4.11 Long term oxygen permeation performance of (a) GDC disk membranes decorated 

with GDC-Ag (5:5) mixture (sample III) and (b) BSCF at 800 oC under He and a He + CO2 

mixture sweep gas. The sweep gas flow rate was 100 mL min-1. 

 

In comparison with the literature, we also noted that in some cases, the oxygen 

flux through the dual-phase decorated GDC membranes is comparable with these GDC 

dual-phase bulk membranes where the electronic phase is chosen from ceramic spinel 

(NiFe2O4), iron oxide or perovskite (La0.7Sr0.3MnO3-δ).54-56 However, the long term 

stability of these membranes is still a concern as the reactions between the two phases 

or the reactions between electronic ceramics and CO2 gases at high operating 

temperatures cannot be precluded. Higher oxygen fluxes were also reported on zinc 

oxide doped GDC dual phase membranes by designing a more robust ionic conducting 

phase.53 More research activities are in progressing to optimize the ionic conducting 

phase or the electronic phase to further improve the flux, stability and to reduce the 

negative impacts from grain boundary area yielded by the high temperature membrane 

synthesis. However, we can predict that the reported strategy in this work using a short-

circuit via dual phase decoration to improve the membrane performance is applicable 

to all these cases even in the future more robust ionic phase or the electronic phase is 
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identified and applied. Given these advantages, the robust fluorite ion conducting 

membranes decorated with appropriate dual-phase coatings would become a good 

choice to fabricate oxygen permeation membranes. 

 

4.4 Conclusion 

 
The present study demonstrates the feasibility of extending the dual-phase bulk 

membrane idea into a thin dual phase coating layer to decorate the pure bulk fluorite 

ion conducting membrane with short-circuited electronic phase for oxygen permeation. 

The effects of different GDC/Ag ratio in the decoration layer on the polarization 

resistance, triple-phase boundary area and the resultant oxygen permeation flux at 

various operating conditions have been discussed. We found that, for Ce0.9Gd0.1O2-δ 

(GDC)-Ag dual-phase decoration, a continuous Ag network can be achieved by mixing 

50 wt.% of Ag and GDC. EIS results demonstrated that GDC-Ag (5:5) has the lowest 

surface polarization resistance and provides the best oxygen fluxes. GDC disk 

membrane in 1-cm-thickness decorated with GDC-Ag (5:5) mixture showed a 

maximum flux of 0.128 mL min-1 cm-2 under an air/helium gradient at 850 °C. The 

short-circuited GDC membrane also demonstrated strong stability, retaining the 

original performance during the 130-hour-testing whilst exposing the membrane to an 

atmosphere containing CO2. This dual-phase decoration strategy brings in at least three 

advantages: more triple-phase boundary area for membrane surface reaction, cheaper 

material cost by the reduced usage of precious metals and the increased membrane 

stability.   
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Chapter 5: Enhanced oxygen permeability and 

electronic conductivity of Ce0.8Gd0.2O2-δ 

membrane via the addition of transition metal 

oxide sintering aids 
 

Abstract 
�

Fluorite oxide is an excellent material candidate for oxygen production from air, 

oxyfuel combustion, and membrane reactor given its CO2 resistance and high oxygen 

ionic conductivity. However, its limited electronic conductivity restricts its practical 

applications in these technologies. In this work, we probed the use of transition metals 

(Co, Fe, and Cu) oxides as the sintering aid and the electronic conductivity 

enhancement agent. The presence of CoO and CuO decreased the sintering temperature 

of GDC by 300 oC while that of FeO decreased the temperature by only 100 oC. Oxygen 

fluxes were also enhanced in their presence; reaching the highest of 0.112 mL min‒1 

cm‒2 at 900 oC through a 0.8 mm-thick 2 mol.% Co containing GDC (2Co-GDC) 

membrane. Among the three sintering aids, CoO provided the maximum enhancement 

effect for oxygen fluxes. We showed that such enhancement primarily comes from the 

improved electronic conductivities and the modified element distribution across the 

grain boundaries. In overcoming the electronic conductivity limitation of a 

predominantly ionic conducting phase, the use of sintering aid offers an attractive non-

precious metal-based alternative that enables competitive performance enhancement 

with respect to the external short-circuit decoration. 

 

5.1 Introduction 
�

Ceramic-based oxygen ionic transport membrane (ITM) has become one the most 

promising technologies that enables high purity oxygen production, oxy-fuel 

combustion, membrane reactor for chemical synthesis, and solid oxide fuel cells.1-7 
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Oxy-fuel combustion technology in particular offers an attractive route to mitigate CO2 

emission in coal-fired power plants.2-4 In such technology, to obtain high concentration 

of CO2 effluent gas for easy subsequent capture and sequestration purpose, the 

combustion is performed using pure O2 which leads to an extremely high temperature. 

Since such temperature cannot be tolerated by the current combustion system, the use 

of CO2 as a sweep gas in the permeate side of the membrane becomes necessary to 

dilute the heating effect. By letting only O2 and CO2 present in the combustion process, 

the production of nitrous oxide-related gases is additionally prevented. Applying ITM 

technology in oxy-fuel combustion provides significant cost and energy advantages 

over the conventional cryogenic distillation process.2 To be integrated directly into the 

oxy-fuel combustion system, ITM materials however should be CO2-resistant. 

 ITM is generally made from either pure oxygen ionic conducting (IC) or mixed 

ionic-electronic conducting (MIEC) materials.1 In IC case, the presence of external 

circuit is required as an electron pathway to short circuit the two different membrane 

sides.8 In MIEC case, on the other hand, such external circuit is not necessary since the 

electron can pass through the membrane.8 In both cases, the oxygen transport is driven 

by the oxygen partial pressure gradient through the membrane.1 Over the past decades, 

MIEC materials have been extensively developed, particularly those coming from 

perovskite oxide family with the structure formula of ABO3-δ. In such perovskite 

materials, A-site cation is typically alkaline earth metals, i.e., Ca, Sr, and Ba or 

lanthanides, i.e., La, Gd, and Pr; while B-site cation is normally transition metals, i.e., 

Co, Fe, Cu, Ti, Zn, and Mn.1, 9 Alkaline earth metals-containing perovskite oxides 

nonetheless have low resistance to acidic gases, i.e., CO2 and SO2 which makes them 

impractical for oxyfuel combustion.10-14 Fluorite oxides with the structure formula of 

AO2 such as samarium-doped ceria (SDC), praseodymium-doped ceria (PDC), 

gadolinium-doped ceria (GDC), terbium-doped ceria (TDC), yttria-stabilized zirconia 

(YSZ), and yttria-stabilized bismuth oxide (YSB), on the other hand, feature high 

stability in an acidic atmosphere and high oxygen ionic conductivity but have electronic 

conductivity limitations.8, 14-18 Their electronic conductivity limitations can be 

overcome by adding the second percolative electronic conducting phase inside the 

membrane; essentially forming the so-called “dual-phase membranes”.1, 19, 20 The 

second phase can come from either noble metals, electronic conducting oxides, or 

MIEC oxides.21-26 One of the main drawbacks of these membranes comes from the 

chemical compatibility issue between the two constituent phases that can contribute to 



148 
�

significant performance degradation during long operation.24 

 An alternative to “dual-phase approach” that can be viewed as the internal 

electronic short-circuit approach is the external short-circuit approach. In such an 

approach, an electronic conductor decoration that is coated on the surface of the 

membrane, is connected to the metal or conductive ceramic sealant. The integrated 

decoration and sealant functions as the continuous external electron channel that allows 

fast electron transfer from one side to another side of the membrane. This concept has 

been applied onto SDC, GDC, YSZ, or La0.8Sr0.2Ga0.8Mg0.115Co0.085O3-δ membranes.8, 

27-30 The surface decoration additionally enhances the surface oxygen exchange reaction 

rate. Despite the relatively low oxygen permeation fluxes observed on the externally 

short-circuited fluorite membranes, these membranes generally display high stability 

that enables application in oxy-fuel combustion and membrane reactor.27, 28, 31 

The electronic conductivity behavior of the fluorite oxide can also be tailored 

via the addition of transition metal oxides sintering aids, i.e., Co-, Fe-, Cu-, Ni- and 

Mn-oxide, generally in less than 5 mol.% amount. The sintering of ceria-based oxides 

which normally requires the use of temperature above 1300 oC to obtain fully dense 

body;32 can be lowered down to 1000 oC in the case of GDC, TDC, and PDC containing 

the sintering aids.33-36 More essential is the resultant improvement in the electronic 

conductivity of the fluorite oxides which, for example, enables PDC and TDC to exhibit 

oxygen fluxes that are comparable to the fluxes of perovskite membranes.35-39 In this 

work, we systematically studied the effects of adding Co-, Fe-, and Cu-oxide as 

sintering aids into the sintering behavior and the oxygen permeation properties of GDC 

membrane. Further evaluation into the electronic conductivity behavior and 

microstructure was also performed. We demonstrated an enhancement in MIEC 

property via the use of sintering aids. The efficiency of this sintering aid strategy is 

demonstrated by the attainment of oxygen fluxes that is quite competitive to the 

externally short-circuited GDC membrane;27, 28 thus highlighting its attractiveness as 

an alternative to external short-circuit approach in applications requiring CO2 resistance. 

 

5.2 Experimental 
�

Ce0.8Gd0.2O2-δ (GDC) powder was synthesized as reported elsewhere.28 Into this powder, 

1, 2 and 5 mol.% of sintering aids (cobalt oxide, iron oxide, and copper oxide) were 
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added in the form of ethanol solution of nitrates (Co(NO3)2·6H2O, Fe(NO3)2·9H2O, and 

Cu(NO3)2·3H2O, Sigma Aldrich, 99.9 % purity). To obtain homogeneous slurry, 1 g of 

GDC powder was soaked in a 1 mL of nitrate solution, as previously reported by Taub 

et al.40 The mixture was then stirred thoroughly in an agate mortar for at least 30 min, 

followed by drying at 80 ○C for 5 h. The dried powder was further ground for another 

30 min, after which the powder was calcined in air for 5 h at 700 ○C. The resultant 

powder was additionally ground for another 30 min to guarantee the homogeneous 

distribution of sintering aid, resulting in the sintering aid containing GDC powders. 

These samples are designated as 1Co-GDC, 2Co-GDC, and 5Co-GDC for GDC 

powders mixed with 1, 2, and 5 mol.% cobalt sintering aids. The samples containing 

Fe and Cu sintering aids are named following the same designation. To form dense disk 

membranes for oxygen permeation test, the as-synthesized powders were isostatically 

pressed into green disks in under a hydraulic pressure of 200 MPa in a stainless-steel 

mold. These green disks were sintered for 10 h at 1100-1400 ○C to achieve high density. 

The thickness of the sintered disk membrane was adjusted to approximately 0.8 mm. 

The phase composition of the sintered powder (crushed from the sintered disk) 

was determined by powder X-ray diffractometer (XRD, Bruker D8 Advance) with Cu-

Kα radiation (30 mA and 40 kV). Microstructure of the membrane was characterized 

using a scanning electron microscope (SEM, Zeiss Neon 40EsB FIBSEM). High-

resolution transmission electron microscopy (HRTEM) and selected area electron 

diffraction (SAED) images were obtained using a transmission electron microscope 

(FEI Titan G2 80-200). High angle annular dark field scanning transmission electron 

microscopy (HAADF-STEM) images and elemental mapping images were obtained 

with ChemiSTEM technology operating at 200 kV. Samples for TEM characterization 

were the powders crushed from the sintered disks. 

The oxygen permeation fluxes of the GDC membranes were measured in high 

temperature permeation setup connected with gas chromatography (Shimadzu GC-

2014) equipped with a 5A molecular sieve column and thermal conductivity detector. 

The disk membrane was fixed onto one side of a quartz tube using a silver paste as the 

sealant. The effective surface area of the disk at the permeate side was 0.45 cm2. The 

required driving force, i.e., the oxygen partial pressure difference across the membrane 

was created by flowing helium or CO2 as a sweep gas on the permeate side. The details 

on how to calculate the permeated oxygen flux (!"#) is reported elsewhere.41 
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Dense rectangular bars with dimensions of 2 × 0.6 × 0.1 cm3 were pressed and 

sintered for electrical conductivity measurements, which was performed through 

standard 4-point DC technique. The samples were connected to a source measuring unit 

(Keithley 2420) with silver wires and silver paste. The tests were carried out in a tube 

furnace under air between 350 and 900 ○C. The electrochemical impedance spectra (EIS) 

of the disk membranes were tested using a Gamry electrochemical workstation with the 

signal amplitude of 10 mV and the frequency range of 0.1 Hz‒1.0 MHz. The ionic 

transfer number was measured and calculated using modified electromotive force (EMF) 

method proposed by Liu and Hu.42 This modified EMF method combines EIS and open-

circuit voltage to achieve high accuracy. The disk membrane was covered with porous 

Ag paste with an effective area of ~0.3 cm2 on both sides as current collector, which 

was also connected to Ag wire on both sides. The disk membrane was sealed onto a 

quartz tube with Ag paste. The EIS and open-circuit voltage measurements were 

performed on a cell with configuration of air, Ag | disk | Ag, D"#. The calculation details 

for ionic transfer number can be found elsewhere.42 

 

5.3 Results and discussion 
�

5.3.1 Structure characterization 

�

Figure 5.1 depicts the room temperature powder X-ray diffraction (XRD) patterns of 

GDC, 2Co-GDC, 2Cu-GDC, and 2Fe-GDC powders calcined at 700 ○C. All patterns 

can be indexed according to the single cubic (Fm-3m (225)) fluorite phase (PDF# 50-

0201),43 without the presence of any impurity phases containing Co, Cu, or Fe. The 

same phase formed for the other GDC powders containing 1, 3, and 5 mol.% sintering 

aids (Figure 5.2). Following the calcination at 700 ○C for 5 h, GDC powders containing 

2 mol.% transition metals, i.e., 2Co-GDC, 2Cu-GDC and 2Fe-GDC, aggregated into 

clusters with particle size of approximately 100 nm. After a series of trial and error 

sintering at different temperatures, we found the lowest temperatures to obtain dense 

body for membranes containing sintering aids and the ones without them. Take for 

example the 2 mol.% sintering aids composition as a representative scenario. In the 

cases of 2Co-GDC and 2Cu-GDC, the membranes became dense with the minimum 

sintering temperature of 1100 ○C (Figure 5.3(b) and (c)). In 2Fe-GDC case, on the 
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other hand, the surface was still porous after sintering at 1100 oC (Figure 5.4(a)). 

Modifying the sintering temperature to 1200 oC led to the formation of partially dense 

surface with the presence of some pores (Figure 5.4(b)). Only after the sintering 

temperature was increased to 1300 oC, a completely dense surface could be obtained 

(Figure 5.3(d)). This is only 100 oC lower than the minimum sintering temperature of 

1400 oC required to obtain dense body for pure GDC membrane. Therefore, it becomes 

apparent that CoO and CuO are more effective sintering aids to densify GDC-based 

membranes. Our finding is in accord with the results of the previous studies that 

demonstrate that CoO and CuO can provide GDC densities over 98 % at lower sintering 

temperatures than FeO.35, 44 

 

 
Figure 5.1 Powder X-ray diffraction patterns of GDC, 2Co-GDC, 2Cu-GDC, and 2Fe-GDC. 

 

 
Figure 5.2 Powder X-ray diffraction patterns of (a) 1Co-GDC, 2Co-GDC, 3Co-GDC, and 5Co-

GDC; and (b) 5Fe-GDC and 5Cu-GDC. 
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Figure 5.3 Scanning electron microscopy images of the surface of (a) GDC sintered at 1400 
oC; (b) 2Co-GDC sintered at 1100 oC; (c) 2Cu-GDC sintered at 1100 oC; and (d) 2Fe-GDC 

sintered at 1300 oC. 

 
Figure 5.4 Scanning electron microscopy images of the surfaces of 2Fe-GDC sintered at (a) 

1100 oC; and (b) 1200 oC. 

 

5.3.2 Oxygen permeation performance 

�

Figure 5.5(a) displays the temperature-dependent oxygen permeation fluxes through 

0.8 mm-thick GDC disk membranes containing 2 mol.% of different sintering aids, i.e., 

Co, Cu, or Fe (denoted as 2Co-GDC, 2Cu-GDC, or 2Fe-GDC) between 750 and 950 
○C. Pure GDC exhibited the lowest oxygen fluxes with the maximum of 0.055 mL min‒

1 cm‒2 at 900 ○C. Temperature rise from 850 oC to 950 oC manifested into triple increase  
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Figure 5.5 Temperature-dependent oxygen permeation fluxes of (a) GDC membranes 

containing 2 mol.% of Co, Cu and Fe sintering aids; and (b) GDC membranes containing 

different concentrations of Co sintering aid. 

 

in oxygen flux. Below 825 oC, GDC displayed negligible fluxes due to the very low 

electronic conductivity and accordingly, the limited surface oxygen exchange rate of 

fluorite-structured ceria materials at such temperatures.36, 45, 46 The highest oxygen flux 

for pure GDC at 900 oC was doubled to 0.112 mL min‒1 cm‒2 by the addition of 2 mol.% 

CoO. For 2Co-GDC membrane, the flux could reach 0.012 mL min‒1 cm‒2 at 

temperature as low as 750 ○C. Despite their lower oxygen fluxes relative to 2Co-GDC 

membrane, 2Cu-GDC and 2Fe-GDC membranes showed identical oxygen fluxes from 

750 to 950 oC. Their largest flux was approximately 0.08 mL min‒1 cm‒2 at 900 ○C. In 

terms of densification and oxygen permeation performances, CoO was clearly the best 

sintering aid. Therefore, next we evaluated the effect of Co content on the oxygen 

permeation fluxes. 

Figure 5.5(b) shows the temperature-dependent oxygen permeation fluxes 
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through 0.8 mm-thick GDC disk membranes containing different amount of Cu, i.e., 1, 

2, 3, and 5 mol.% (denoted as 1Co-GDC, 2Co-GDC, 3Co-GDC, and 5Co-GDC). 

Adding 1 mol.% CoO into pure GDC led to the significant oxygen flux enhancement. 

The enhancement is still observed for an extra 1 mol.% above this composition. 

However, above 2 mol.%, the oxygen permeation fluxes were no longer improved upon 

incorporating additional amount of CoO, up to 5 mol.%. 

 

 
Figure 5.6 Temperature-dependent oxygen permeation fluxes of GDC membranes containing 

1, 2, and 5 mol.% of (a) Fe sintering aid; and (b) Cu sintering aid. 

 

The oxygen permeation behavior of Fe-GDC and Cu-GDC as a function of the 

sintering aid amount are displayed in Figure 5.6(a) and (b). For example, the highest 

flux for 1Co-GDC membrane of 0.08 mL min‒1 cm‒2 at 900 oC is comparable to the 

highest fluxes for 2Fe-GDC and 2Cu-GDC membranes (Compare Figure 5.5(b) with 

Figure 5.6(a) and (b)). In Fe-GDC case, the oxygen permeation fluxes increased 

proportionally with the increase in Fe amount. For example, the highest oxygen fluxes 
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at 900 oC were 0.061, 0.085, and 0.105 mL min‒1 cm‒2 for 1Fe-GDC, 2Fe-GDC, and 

5Fe-GDC, respectively. In Cu-GDC case, the oxygen fluxes exhibited optimum trend 

with increasing Cu amount; reaching their maximum at 2 mol.%. The oxygen fluxes 

for 1 mol.% Cu and 5 mol.% Cu containing GDC membranes were identical. The reason 

behind the distinct trend for Co-GDC, Fe-GDC, and Cu-GDC remains unclear. We 

postulate the existence of a maximum composition, over which the blocking effect 

caused by the accumulation of metal oxides along the grain boundaries of GDC, 

manifested. For Co-GDC, this composition is 2 mol.% while for Fe-GDC and Cu-GDC, 

these compositions are 5 mol.% and 2 mol.%, respectively. More detailed future 

experiments, outside the scope of this work, should be performed. 

Although the highest flux for 2Co-GDC membrane that we obtained here of 

0.065 mL min‒1 cm‒2 at 850 oC is still lower than the oxygen flux of 0.125 mL min‒1 

cm‒2 at 850 oC displayed by the GDC membrane externally short-circuited with dual-

phase Ag-GDC decoration, the use of non-precious metal sintering aids certainly offers 

an attractive alternative to achieve significant flux enhancement.27 

 

 
Figure 5.7 Long-term oxygen permeation flux performance of 2Co-GDC membrane under 100 

vol.% CO2 sweep gas at 850 oC (Note: The first and last open squares represent the fluxes under 

100 vol.% helium). 

 

 For practical application in oxyfuel combustion and membrane reactor, CO2 

resistance becomes important. The oxygen permeation test results for 2Co-GDC 

membrane for 120 h reveals very stable fluxes of around 0.029 mL min‒1 cm‒2 under 
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pure CO2 (Figure 5.7). The substantial decrease in oxygen fluxes when the sweep gas 

was changed from He to CO2, i.e., from around 0.06 to around 0.03 mL min‒1 cm‒2, is 

due to the stronger adsorption of CO2 on the membrane surface relative to He 

adsorption 47-49. The original flux could nonetheless be recovered at the end of the test, 

when the CO2 sweep gas was changed back to He. This highlights the excellent CO2 

resistance as has been widely known and reported elsewhere.27, 28 What we perceived 

as the possible issue is the stability of CoO in CO2 atmosphere. Klande et al. showed, 

using Ellingham diagram, that the cobalt carbonate (CoCO3) decomposition starts at 

300 oC under 1 atm CO2.50 Given that the membrane operation temperatures in this 

work are far beyond 300 oC, CoO is likely to be stable in CO2 atmosphere. Furthermore, 

the relatively low oxygen fluxes for 2Co-GDC here, were achieved under normal 

permeation condition applicable for high purity oxygen production, which involves 

quite low oxygen partial pressure gradient across the membrane. The high stability for 

2Co-GDC supports its application in membrane reactor, which involves the use of very 

large oxygen partial pressure gradients; thus potentially leads to significantly higher 

oxygen fluxes than what we could possibly obtain here. 

Since the oxygen permeation process through ITM membrane constitutes bulk-

diffusion step and surface exchange step, both steps can be affected in a unique way by 

the presence of sintering aid in the membrane.1 Figuring out in details the possible 

effects of sintering aid into both steps requires more comprehensive study that is outside 

the scope of this work. 

To discuss the origin of the oxygen fluxes enhancement obtained via the addition 

of sintering aids, we further performed microstructure and electrochemistry studies into 

GDC and 2Co-GDC membranes. 

 

5.3.3 Electrochemical characterization 

�

In MIEC materials, the electrical conductivity is the sum of the ionic and electronic 

conductivities. Figure 5.8 presents the Arrhenius representation of the electrical 

conductivities of GDC and 2Co-GDC in air, obtained via a four-probe direct current 

(DC) method. Between 350 and 950 oC, the electrical conductivities of 2Co-GDC was 

slightly higher than those of pure GDC; in agreement with the works of Fagg et al.35-37 
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Figure 5.8 Arrhenius plot of the electrical conductivities of GDC and 2Co-GDC measured in 

air. 

 

Figure 5.9(a)-(d) displays the results of more detailed conductivity study 

between 750 and 950 oC. The electrical conductivities (denoted as σt), shown in Figure 

5.9(a), were obtained by electrochemical impedance spectroscopy (EIS) across a p(O2) 

gradient of 0.21 atm/0.09 atm. As a note, the electrical conductivities measured from 

the four-probe DC method (Figure 5.8) closely match the electrical conductivities 

obtained from EIS (Figure 5.9(a)). Figure 5.9(b) in turn shows the oxygen ionic 

transfer number (denoted as to), measured using the modified electromotive force (EMF) 

method developed by Liu and Hu.42 Using this method, the contribution of the electrode 

polarization in cells can be determined and accounted for; thus allowing a more precise 

calculation of ionic transfer number relative to the conventional EMF method.42, 51, 52 

2Co-GDC displayed lower ionic transfer numbers than GDC over the temperature range 

of 750 to 950 oC. For example, the ionic transfer numbers of 2Co-GDC is 0.836, 0.872, 

0.882, and 0.884 at 900, 850, 800, and 750 ○C, respectively while those for GDC is 

0.951, 0.942, 0.926, and 0.913 at the respective temperatures. Analogous observation 

was also reported for PDC containing 2 mol.% Co sintering aid;36, 37 the ionic transfer 

numbers of which were measured using Gorelov’s modified EMF method.53 The 

discrepancy between the ionic transfer number of 2Co-GDC and GDC furthermore 

increases with temperature rise. This is due to the negative and the positive thermal 

activation natures of the ionic transfer numbers for 2Co-GDC and GDC, respectively. 
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Figure 5.9 The influence of the addition of 2 mol.% Co into GDC on the temperature-dependent 

(a) total conductivity; (b) ionic transfer number; (c) ionic conductivity; and (d) electronic 

conductivity; obtained with the oxygen partial pressure gradient of 0.21 atm/0.09 atm. 

 

The oxygen ionic conductivities (denoted as so) can then be calculated from the 

electrical conductivities (σt) and the ionic transfer numbers (to) using the relationship 

of so = to σt. The respective electronic conductivities (denoted as se) can also be 

determined using the relationship of se = (1 - to) σt. Figure 5.9(c) displays the ionic 

conductivities of 2Co-GDC and GDC; revealing analogous conductivities for both 

samples below 800 oC and lower conductivities for 2Co-GDC above 800 oC. Such trend 

manifested into the higher electronic conductivities for 2Co-GDC relative to GDC 

between 750 and 950 oC. The addition of 2 mol.% Co into GDC led to the increase in 

the electronic conductivities enhancement with increasing temperature, i.e., 1.4 times 

at 750 oC to 3.5 times at 900 oC relative to pure GDC. The enhancement effect we 

obtained here is not as large as that obtained by Fagg et al., where up to 25 times 

enhancement was observed.33, 35 This discrepancy is likely due to the higher sintering 

temperature (1100 °C) we used here relative to 900 °C sintering temperature they used 

in their works 33, 35. It is likely that the higher sintering temperature promotes more 

dissolution of Co into the ceria lattice may eventually leads to the disappearance of Co-
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rich layers along the grain boundaries.54 

 

5.3.4 Transmission electron microscopy study 

�

We performed transmission electron microscopy (TEM) studies on 2Co-GDC to assess 

Co distribution on grain boundaries after sintering at 1100 oC. Figure 5.10 and 5.11 

display the results on two different grains. Figure 5.10(a) presents high angle annular 

dark field-scanning transmission electron microscopy (HAADF-STEM) of two close-

contact grains. The respective elemental maps (Figure 5.10(c)-(f)) reveal the uniform 

distribution of Ce, Gd, and Co: indicating that Co dissolves into GDC lattice. The grain 

boundary does not appear to be enriched in Co as indicated by the line scan profile 

result (Figure 5.10(b)). This is contradictory to the other works that reported the 

presence of Co-rich layer networks on the grain boundaries.37, 54-56 In these cases 

nonetheless, their sintering aids-containing membranes were sintered below 1000 oC. 

Ramasamy et al. compared the microstructure evolution of CTO with Co sintering aid 

sintered at 900 and 1200 ○C, respectively.54 When the sample was sintered at 900 ○C, 

the elemental maps revealed the occurrence of Co segregation along the grain 

boundaries. However, at higher sintering temperature of 1200 ○C, Co-rich layers on the 

grain boundaries were significantly depleted. Instead, isolated Co-rich grains, with an 

average size of approximately 500 nm, were observed. Our additional TEM results 

suggest the existence of such isolated Co-rich grains, i.e., the presence of several Co-

rich particles in GDC grains (Figure 5.11). The growth of CoO particles between GDC 

grains additionally manifested into the lower solubility of Co in GDC (Figure 5.11(c)-

(f)). Zhang et al. also found that by sintering Co-containing GDC at 1050 ○C, isolated 

Co oxide particles grew in triple junctions.57 Ce concentration appears to decrease along 

the grain boundary (Figure 5.10(b)). Such depletion of Ce in grain boundary may 

induce an increase in the oxygen vacancies and consequently, an increase in the oxygen 

permeation fluxes. The depletion of oxygen vacancies at the grain boundaries was 

previously shown to deteriorate the ionic conductivity along the boundaries.16 Our TEM 

results here evidently show that Co addition into GDC affects the elemental distribution 

in the grain boundaries. Such change in elemental distribution clearly contributes 

towards the observed change in the ionic and electronic conductivity behavior 

elaborated above. 
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(a) (b) (c)

(d) (e) (f)

 

Figure 5.10 Transmission electron microscopy results on a typical grain boundary area of 2Co-

GDC: (a) HAADF-STEM image; (b) Line scan profiles across the grain boundary; and (c)-(f) 

Elemental mapping image of Ce, Gd, Co, and O. 

 

(b)
(c)(a)

(d) (e) (f)

 

Figure 5.11 Transmission electron microscopy results on another typical grain boundary area 
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of 2Co-GDC: (a) HAADF-STEM image; (b) Line scan profiles across the grain boundary; and 

(c)-(f) Elemental mapping image of Ce, Gd, Co, and O. 

5.4 Conclusion 
�

The present study demonstrates the feasibility of adding sintering aid (cobalt oxide) to 

enhance the densification behavior and the electronic conductivity of GDC membranes. 

Oxygen permeation results demonstrate that 2 mol. % Co incorporated into GDC 

membrane (2Co-GDC) provided the highest oxygen permeation flux of 0.112 mL min‒

1 cm‒2 at 900 ○C. This oxygen flux was twice that of pure GDC membrane, indicating 

marked enhancement from the addition of Co sintering aid. Moreover, the sintering 

temperature of 2Co-GDC was reduced by 300 ○C compared with pure GDC membrane. 

Ionic transfer numbers obtained from modified EMF method for 2Co-GDC were lower 

than those for GDC between 750 and 950 oC. The electronic conductivities of 2Co-

GDC at this temperature range, on the other hand, were higher; indicating the electronic 

conductivity origin of the oxygen fluxes enhancement. Transmission electron 

microscopy results revealed that Co ions were homogeneously distributed along GDC 

grains with some of them precipitated in-between GDC grains. A 120 hour-length test 

of oxygen permeation using CO2 as sweep gas additionally verified CO2-resistance of 

2Co-GDC. This work highlights the potential of applying CoO as a sintering aid to 

tailor the predominantly ionic conducting behavior of GDC towards mixed ionic-

electronic conducting (MIEC) behavior. 
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Chapter 6: Enhanced CO2 resistance for robust 

oxygen separation through Ta-doped SrFeO3‒δ 

membranes 
 
 
Abstract 
 
Oxygen selective membranes with enhanced oxygen permeability and CO2 resistance 

are highly required in sustainable clean energy generation technologies. Here, we 

present a novel cobalt-free, SrFe1‒xTaxO3‒δ (x = 0, 0.025, 0.05, 0.1, 0.2) perovskite 

membranes. Ta-doping induced the lattice structure progression from orthorhombic (x 

= 0) to cubic (x = 0.05). SrFe0.95Ta0.05O3‒δ showed the highest flux rates reaching 0.85 

mL min‒1 cm‒2 at 950 oC on a 1.0-mm-thick membrane. Surface decoration can increase 

the permeation rate further. Ta inclusion within the perovskite lattice of SF enhanced 

the CO2 resistance of the membranes significantly as evidenced by the absence of the 

carbonate functional groups on FT-IR spectrum when exposed to CO2 atmosphere at 

850 oC. The CO2 resistance of Ta-doped SF compounds correlates with the lower 

basicity and the higher binding energy for the lattice oxygen. SFT0.05 demonstrated 

high operational stability during long term permeation test under CO2 atmosphere. 

6.1 Introduction  

 
Oxy-fuel combustion is an attractive technique to deliver clean energy from the 

combustion of fossil fuels such as coal and gas using pure O2 or O2/CO2 mixtures 

instead of air. This process enables cost-effective CO2 separation and storage by 

generating a highly-concentrated CO2 exhaust gas.1-4 The O2 supply for oxy-fuel process 

is normally provided through the conventional cryogenic distillation or pressure swing 

adsorption, both of which are expensive and energy-intensive. To reduce the cost, new 

oxygen production technologies are required to improve the viability of these clean 

energy technologies. With the cost saving advantage of approximately 35 %, oxygen 

transporting dense ceramic membranes, which can separate 100 % pure oxygen from 

air, are envisaged to replace the conventional oxygen production processes.5-6 To retain 
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the usage of existing power generation plants however, “artificial air”, i.e., oxygen 

within flue gas stream (30 % oxygen with the rest mostly CO2) should be�used since the 

combustion with pure oxygen results in the extremely high flame temperature which is 

outside the tolerable temperature range for the current boiler system. Concurrently, this 

combustion condition can be realized using a more practical sweep gas mode which 

recycles a minor portion of the flue gas (CO2) back into the permeate side to carry the 

permeated oxygen into the combustion chamber with the feed side of the membrane 

exposed to the pressurized air. Compared to the normal sweep mode of using pure 

oxygen only, this recycling mode provides cost advantage although it requires the 

membrane material to have sufficient chemical stability under the presence of CO2 at 

high operating temperatures. If these CO2-tolerant membranes can also withstand the 

reducing gases like methane and hydrogen, they can also be applied as catalytic 

membrane reactors for greener chemical synthesis such as syngas production from 

methane. 

In the past decades, MIEC perovskite oxide membranes have been widely 

investigated due their high oxygen permeability.7 Ideal perovskite oxide has an ABO3 

crystal structure with a framework consisting of corner-shared BO6 octahedra where a 

large A cation sits in the central void between the octahedral.8 One of the factors 

determining the formation of the cubic perovskite structure is the size matching of A 

and B cations as there is a specific range of A cation size which can be accommodated 

in between the BO6 octahedra; such size factor is also referred as the “Goldschmidt 

factor”.8 The A site cations can be chosen from the alkaline earth metal such as Ba, Ca 

or Sr or rare earth metals such as La or Pr and the B site cation is normally a transition 

metal such as Co or Fe. The ionic and electronic conductivity of perovskite originates 

from the oxygen non-stoichiometry (in ABO3‒δ) and the redox activity of these 

transition metals, respectively.7 

From both the thermodynamics and the Lewis acid-base theory perspectives, 

alkaline earth metal oxide reacts more readily with acid gases (i.e., CO2) to form 

carbonates than the rare-earth metal oxides,3,4,9-11 which confer these perovskite 

membranes poor chemical stability. This fact is also reflected by the more negative 

chemical potential for carbonate formation in the Ellingham diagram and the higher 

basicity for the former metal oxide. Replacing divalent alkaline earth metal cation 

completely with trivalent rare earth element would lower the ionic conductivity (and 

thus the oxygen permeability) due to the reduced oxygen non-stoichiometry. To 
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overcome this challenge, different approaches have been pursued including the partial 

substitution of Sr by La or Pr, the incorporation of Ca (with more positive chemical 

potential of carbonate formation) instead of Ba or Sr and the partial substitution of Co 

and Fe by Ta (to decrease the basicity).9,10,12,13 

Doping strategy via substituting Co and/or Fe in (La, Ba, Sr)(Co, Fe)O3-based 

perovskites by a minor amount of Ta has been attempted to improve the original lattice 

stability in reducing atmosphere and CO2 resistance.9,14-16 For example, 

La0.2Sr0.8Fe0.8Ta0.2O3‒δ exhibits higher onset temperature of decomposition in H2 

atmosphere (relative to La0.2Sr0.8FeO3‒δ) indicating its enhanced kinetic stability.14 

Another example is BaCo0.7Fe0.2Ta0.1O3‒δ perovskite membrane that can be operated in 

CH4 and CO containing atmosphere at 900 oC for over 400 hours without any evidence 

of structure deterioration normally encountered by the non Ta-doped cobalt containing 

perovskite membranes.15 Since the ionic radius of Ta in perovskite is less than the ionic 

radius of Co and Fe (in octahedra), Ta doping is less likely to impart direct and 

substantial negative effects on the Goldschmidt factor.16 Rather, the improved lattice 

stability is arisen from the high valence of Ta which effectively increases the average 

valence of B-site cations and decreases the oxygen non-stoichiometry.14,17 Likewise, in 

terms of CO2 resistance, incorporation of Ta leads to the restrained reaction with CO2 

for Sr(Co0.8Fe0.2)0.9Ta0.1O3‒δ as opposed to SrCo0.8Fe0.2O3‒δ.� This correlates with the 

higher binding energy value of lattice oxygen for Ta-doped perovskite which implies 

its lower basicity.9 Another supporting evidence towards stable structure is the stronger 

bonding energy of Ta with oxygen relative to cobalt and iron (i.e., Ta-O, Fe-O and Co-

O bond strength is 799.1, 390.4 and 384.5 kJ mol‒1, respectively).9,18 

In this work, our focus is Ta-doped SrFeO3‒δ (up to 20 mol.% Ta). Co has often 

been selected as the B-site metal cation due to its high redox activity which normally 

contributes to high oxygen permeation fluxes. Since Co is much more redox active than 

Fe, replacing Co by Fe would ensure structure stability upon heating and in reducing 

atmosphere despite some anticipated reduction in oxygen flux.19 The latter drawback 

nonetheless can be overcome by engineering approach, i.e., thin film fabrication 

without compromising the materials lifetime which forms the more substantial factor 

towards evaluating its practical value. The effects of Ta doping on the phase, the oxygen 

permeability and CO2 resistance (relative to the non-doped one) are systemically 

studied. Furthermore, different approaches, e.g., surface decoration, external short-



168 
�

circuit and thin film are also explored to optimize the oxygen permeation flux of the Ta 

doped SrFeO3‒δ membranes.�

6.2 Experimental Section 
�

6.2.1 Powder synthesis and membrane fabrication   

�

SrFe1‒xTaxO3‒δ (x = 0, 0.025, 0.05, 0.1, 0.2) were synthesized by planetary milling of�

the stoichiometric amount of SrCO3, Fe2O3 and Ta2O5 powders, followed by calcination 

at 1000‒1100 oC for 5 h. All precursors, i.e., SrCO3, Fe2O3 and Ta2O5 were of analytical 

grade. In a typical synthesis for SrFe0.95Ta0.05O3‒δ (SFT0.05), for example, 0.05 mol of 

SrCO3 and 0.02375 mol of Fe2O3 and 0.00125 mol of Ta2O5 were mixed with ethanol 

as a solvent media and milled for several hours. The final powder mixture obtained 

after evaporating ethanol was calcined at 1050 oC for 5 hours with a heating and cooling 

rate of 2 oC min‒1, resulting in the final composition of SrFe0.95Ta0.05O3‒δ. Identical 

procedure was followed for other compositions, i.e., SrFeO3‒δ (SF), SrFe0.0975Ta0.025O3‒

δ (SFT0.025), SrFe0.9Ta0.1O3‒δ (SFT0.1) and SrFe0.8Ta0.2O3‒δ (SFT0.2). To form dense 

disk membranes required for permeation testing, the powders were isostatically pressed 

into green disk bodies using a stainless-steel pellet die set (10.0 mm in diameter) under 

a hydraulic pressure of ~2.0 × 106 Pa. These green disks were sintered between 1200‒

1450 oC in air for 5‒10 hours using a heating and cooling rate of 2 oC min‒1. The 

sintering temperatures for SF, SFT0.025, SFT0.05, SFT0.1 and SFT0.2 disks were 1200, 

1230, 1250, 1300 and 1400 oC, respectively. The thickness of the sintered disk 

membranes varies between 0.5‒1.5 mm. For some membranes, silver paste was 

uniformly coated onto the membrane using brush. A terpineol solution was mixed with 

the silver paste as a diluent. 

6.2.2 Structure and microscopy characterization    

�

Powder X-ray diffraction (XRD) analysis was performed on an X-ray diffractometer 

(XRD, Bruker D8 Advance) using Cu-Kα radiation at 40 kV and 30 mA. Membrane 

morphology was examined at 15 kV accelerating voltage using a scanning electron 

microscope (SEM, Zeiss Neon 40EsB FIBSEM). Selected area electron diffraction 

(SAED) was performed using a transmission electron microscope (TEM, FEI Titan G2 
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80-200). In addition, scanning transmission electron microscopy (STEM) images and 

energy-dispersive X-ray spectroscopy (EDX) mapping was also obtained under high-

angle annular dark field (HAADF) mode. The SAED aperture size was 2 µm. Fourier-

Transform Infra-Red spectra (FTIR, Bruker) were obtained with ATR correction mode 

to characterize the functional groups of the powders before and after treatment in pure 

CO2 atmosphere for 10 h. Thermogravimetric analysis (TG-DTA) was carried out on 

the powders using a thermal analyzer (PerkinElmer Diamond TG/DTA) at a heating 

rate of 10 °C min‒1 using air with a flow rate of 25 mL min‒1. X-ray photoelectron 

microscopy (XPS, Thermo Escalab 250) was obtained using an Al-Kα X-ray source to 

detect the O1s binding energy. The oxygen non-stoichiometry at room-temperature was 

measured by iodometry titration technique as detailed elsewhere.20 The powders used 

for the above characterizations were obtained from grinding the respective sintered 

membranes. 

6.2.3 Oxygen permeation tests    

  

Oxygen permeation properties of the disk membranes were measured using a high 

temperature oxygen permeation setup as elaborated elsewhere.21 Gas chromatography 

(GC, Shimadzu GC-2014) with a 5A molecular sieve column and TCD detector was 

used to analyze the composition of the permeate gas stream. GC Agilent 6780N with 

Hayesep® D packed column was used to test the stability under 100 % CO2. The disk 

membrane was fixed onto one side of a quartz tube and a ceramic paste was applied as 

the sealant. The effective surface area of the disk at the sweep side was 0.45 cm2. The 

calculation method of the oxygen flux can be found elsewhere.22 

6.3 Results and Discussion 
�

6.3.1 Structure and microscopy at room temperature 

�

Room temperature powder X-ray diffraction (XRD) patterns of SrFe1‒xTaxO3‒δ 

(obtained by grinding the respective sintered dense membranes of x = 0, 0.025, 0.05, 

0.1 and 0.2 into powders – denoted as SF, SFT0.025, SFT0.05, SFT0.1 and SFT0.2, 

respectively) are depicted in Figure 6.1. The patterns for both the non-doped and doped 

compounds display the presence of identical peaks characteristics of the perovskite 
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phase.23 These peaks are slightly shifted to the lower angle at higher Ta content which 

indicates lattice expansion to accommodate more Ta cations. To identify the crystal 

structures, selected area electron diffraction (SAED) patterns for SF and SFT0.05 are 

displayed as Figure 6.2(a) and (b). Figure 6.2(a) reveals the formation of 

polycrystalline rings which can be indexed according to the orthorhombic lattice from 

its (1 1 2), (4 0 2) and (4 2 2) reflections (marked by red lines in Figure 6.2(a)); 

indicating that SF crystallizes in orthorhombic perovskite lattice with ordered oxygen 

vacancies.24,25 For SFT0.05, however, (1 0 1), (1 1 0) and (2 1 1) spots (Figure 6.2(b)) 

follow the cubic lattice indexation in [1 1 1] zone axis which implies cubic lattice 

formation. This is quite consistent with the trend reported in the previous work, i.e., the 

crystal structure of SrFeO3‒δ family evolves (i.e., from orthorhombic to tetragonal and 

then to cubic) with decreasing oxygen non-stoichiometry (i.e., from 0.27 to 0.14 and 

then to 0.03).  Note the lowering of oxygen non-stoichiometry on SF upon Ta doping 

(Table 6.1) and the fact that in our work, the presence of Ta may slightly alter the 

structure packing. Therefore, it explains the minor discrepancy in the structure trend 

observed against the reported structure evolution of non-doped SrFeO3‒δ family.26 The 

elemental mappings displayed in Figure 6.2(c-h) further evidence the uniform 

distribution of Ta in these analyzed powders. 
 

�

Figure 6.1 Room-temperature powder X-ray diffraction patterns of SrFe1-xTaxO3-δ (x = 0−0.2) 

disk membranes. 
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Figure 6.2 Selected area electron diffraction (SAED) patterns of (a) SF and (b) SFT0.05; and 

elemental identification by scanning transmission electron microscopy-energy dispersive X-ray 

analysis (STEM-EDX) of SFT0.05; (c) STEM image showing the area of EDX mapping; (d-g) 

EDX elemental mapping under high-angle annular dark field (HAADF) mode for Sr, Fe, Ta 

and O, respectively; and (h) the combined EDX signals. 

 

 
Figure 6.3 Goldschmidt tolerance factors of SrFe1-xTaxO3-δ (x = 0−0.2) for three different Fe 

scenarios, i.e., Fe3+ (LS), Fe3+ (HS) and Fe4+. 
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For ABO3‒δ perovskite compound to have a cubic structure, the Goldschmidt 

tolerance factor given in Eq. (6.1) should ideally be between 0.8 and 1:27 

    t = 6FG6@
H(6JG6@)

                                                                                                      (Eq. 6.1) 

Where RA, RB and RO are the ionic radius of (12 coordinated) A-site cation, (6 

coordinated) B‒site cation and oxygen anion, respectively. The ionic radius of six-

coordinated Ta5+, Fe2+ (LS), Fe2+ (HS), Fe3+ (LS), Fe3+ (HS) and Fe4+ is 0.64, 0.61, 0.78, 

0.55, 0.645 and 0.585 Å, respectively.16 The results of the Goldschmidt tolerance factor 

calculations (Figure 6.3) together with the room temperature iodometric titration 

results and charge balance calculations (Table 6.1) as well as the weak ligand field in 

perovskite oxide indicate that the most possible oxidation states of Fe are +3 (HS) and 

+4, i.e., Fe co-exists as a mixture of Fe3+ (HS) and Fe4+ in these compounds. The 

relative amount of Fe4+ at room temperature also appears to increase in conjunction 

with the increased Ta doping amount (Table 6.1). This is consistent with the smaller 

ionic radius of Fe4+ and the tendency to preserve the cubic structure. Our calculations 

(accounting both Fe3+ (HS) and Fe4+ – not shown here) indicate the obtainment of 

tolerance factor approaching much closer to 1 for compositions containing higher 

relative amount of Fe4+. 

 

Table 6.1 Room temperature oxygen non-stoichiometry (δ), average Fe valence, amount of 

Fe3+ (HS) and Fe4+, and Goldschmidt tolerance factor (t) of SrFe1-xTaxO3-δ 

x 0 0.025 0.05 0.1 0.2 
δ 0.392 0.234 0.184 0.127 0.031 
Fe valence 3.21 3.49 3.56 3.61 3.67 
Fe3+ amount 0.78 0.51 0.44 0.39 0.33 
Fe4+ amount 0.22 0.49 0.56 0.64 0.67 
t 0.988 0.996 0.997 0.998 0.998 

�

Increased amount of Ta doping also leads to the decreased room temperature 

oxygen non-stoichiometry and the expected subsequent lowered ionic conductivity.7 

Thermogravimetric analysis (TGA) was then performed to evaluate the effect of Ta 

doping on the weight loss profile with temperature change; the results of which are 

shown in Figure 6.4. All compounds provide negligible weight loss below 350 oC. It is 

interesting to note that SF and SFT0.025 exhibit noticeable weight gain which was 

started at 350 oC. This phenomenon was likely caused by the onset of phase transition 
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from orthorhombic to cubic structure as reported by other researchers.26 This weight 

gain nonetheless disappears on the SFT0.05, SFT0.1 and SFT0.2 profiles in agreement 

with the absence of phase transition particularly for these compounds with cubic 

structure which were retained even at room temperature. 

The typical scanning electron microscopy (SEM) images of the fractured cross-

section and surface views of the sintered disk membranes are presented in Figure 6.5. 

To achieve a dense structure, it is necessary to increase the sintering temperature 

progressively as a function of Ta content, i.e., 1200, 1230, 1250, 1300 and 1400 oC for 

SF, SFT0.025, SFT0.05, SFT0.1 and SFT0.2, respectively. Noteworthy is that the 

melting point for Ta2O5 of 1872 oC is higher than Fe2O3 (1566 oC). Figure 6.5(a-e) 

shows the formation of dense body with isolated pores as evidenced by the negligible 

leakage from oxygen permeation testing. Moreover, the number of pores also appears 

to increase at larger Ta content, most likely due to the aforementioned reduced 

sinterability as well as the decreased oxygen non-stoichiometry which hinders the 

oxygen diffusion (Table 6.1). A typical surface morphology of the disk membrane, 

represented by SFT0.05, is shown in Figure 6.5(f), where grains with size of ~2–3 µm 

are visible. 

 

 
 

Figure 6.4 Thermal weight loss evolution profiles of SrFe1-xTaxO3-δ (x = 0−0.2) powders. 
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Figure 6.5 Scanning electron microscopy images of the cross-section of SrFe1-xTaxO3-δ (x = 0 

− 0.2) disk membranes: (a) SF; (b) SFT0.025; (c) SFT0.05; (d) SFT0.1; (e) SFT0.2; and (f) the 

typical surface view of SFT0.05. 

 

6.3.2 Permeation tests 

Figure 6.6(a) displays the temperature-dependent oxygen permeation fluxes of 1-mm-

thick membranes between 750‒950 oC. SF has the lowest oxygen fluxes with a 

maximum value of 0.26 mL min‒1 cm‒2 at 950 °C as anticipated from the low redox 

activity of Fe. Upon doping with 2.5 mol.% of Ta, the fluxes at these temperatures were 

increased by a factor of 2 relative to the non-doped compound. Increasing the dopant 

amount to 5 mol.% leads to the achievement of optimum oxygen fluxes reaching 0.85 

mL min‒1 cm‒2 at 950 °C. Such flux improvements have previously been reported in 

the case of partial�substitution of Fe in SrFeO3‒δ with Nb and Sc, which is attributed to 

the improved ionic and electronic conductivities and structure stability.28,29 Likewise, 

Ta doping promotes the oxygen ionic transport by suppressing the formation of oxygen 

vacancy-ordered orthorhombic structure down to room temperature. The significant 

rise in flux appears on the profiles for SF and SFT0.025 during the temperature rise 

from 750 oC to 800 o��(Figure 6.6(a)) which may indicate the occurrence of partial 
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phase transition. Incorporating more Ta beyond 5 mol.% as is the case of SFT0.1 and 

SFT0.2 membranes lowered the oxygen fluxes, e.g., the maximum fluxes of only 0.59 

mL min‒1 cm‒2 and 0.38 mL min‒1 cm‒2, respectively at 950 oC. This is consistent with 

the reduced oxygen non-stoichiometry and the higher metal-oxygen bond strength 

(given the higher Ta-O bond strength relative to Fe-O bond strength) for compounds 

with higher Ta content (Table 1) which may lower the oxygen ionic conductivity.28-30 
It is well-known that the oxygen permeability is strongly influenced by the 

concentration of oxygen vacancies and the mobility of oxygen ions.31 The concentration 

of oxygen vacancies is normally proportional to its oxygen non-stoichiometry while the 

mobility of oxygen ions is reflected by the bond strength of the metal-oxygen.32�

Applying the Arrhenius equation, the activation energies for oxygen permeation 

between 800 and 950 oC were 114.85, 82.97, 67.47, 71.18 and 95.82 kJ mol‒1 for SF, 

SFT0.025, SFT0.05, SFT0.1 and SFT0.2, respectively. For permeation through SF and 

SFT0.025, substantially larger activation energies of 232.89 and 167.02 kJ mol‒1 

nevertheless were indicated upon rising the temperature from 750 to 800 oC. As such, 

structure stability appeared to facilitate less thermally activated permeation and higher 

fluxes at lower temperatures.20,22 

For bulk-diffusion limited process, Wagner equation states that the oxygen flux 

JO2 is inversely related to the thickness L.33,34 Figure 6.7 displays the thickness 

dependent oxygen fluxes of the best membrane composition (SFT0.05) between 750 

and 950 oC. The oxygen permeation through mixed ionic-electronic conducting (MIEC) 

membrane consists of surface exchange reactions and bulk-diffusion steps.7 At 950 oC, 

decreasing the membrane thickness from 1.5 to 1.0 or 0.5 mm led to the flux increase 

from 0.56 to 0.85 or 1.39 mL min‒1 cm‒2, respectively. In order to clarify the controlling 

steps for oxygen transport through such membranes, a particular constant (Kd1/d2) was 

defined to determine a proportional relation whether or not exists between the 

membrane thickness and oxygen flux.20 Here d1 and d2 represent two different 

membrane thickness. If the surface exchange reaction becomes the rate limiting step, 

this constant would be equal to the value of d1/d2. It would however be close to 1 if the 

bulk-diffusion is the rate limiting step. The calculation of Kd1/d2 based on Figure 6.7 
reveals Kd1/d2 values approaching to 1; implying the domination of bulk-diffusion step 

on the oxygen permeation of SFT0.05, in particular for the membrane thickness over  

0.5 mm.  
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Figure 6.6 (a) Temperature dependent oxygen permeation fluxes of SrFe1-xTaxO3-δ (x = 0−0.2) 

disk membranes; and (b) the respective Arrhenius plots. 

�

Figure 6.7 Temperature dependent oxygen permeation fluxes of SFT0.05 disk membranes with 

different thickness. 

�
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Figure 6.8 Scanning electron microscopy images of (a) the surface and (b) the upper cross-

section of SFT0.05 membrane decorated with a porous silver layer. 

 

We further examined the effects of enhancing the surface reaction rate and the 

electronic conductivity of the membrane (i.e., through external electronic short circuit) 

by applying surface decoration and conductive sealing. These engineering approaches 

have recently become an attractive approach to improve the performance of highly 

stable ionic conductor membranes. As the surface decorations, coatings of precious 

metals, perovskite, fluorite and metal-fluorite dual-phase compound have been 

attempted.35-41 Here, silver paste was applied as both the decoration catalyst and the 

conductive sealing layer. A typical porous silver decoration layer with a thickness of 

~4 mm on the SFT0.05 membrane surface is shown on�Figure 6.8. Figure 6.9(a) 

illustrates the oxygen permeation fluxes for three different scenarios: the first (base) 

case where non-conductive ceramic sealing was applied with no surface decoration, the 

second case where non-conductive ceramic sealing was applied with surface decoration 

and the third case where both conductive silver sealing and surface decoration were 

applied. Here, surface decoration appears to be more efficient towards improving the 

oxygen fluxes than electronically short-circuiting the membrane given the 

overwhelmingly higher electronic conductivity of perovskite MIEC relative to its ionic 

conductivity.7,31 As a reference, the electronic conductivities of SF and its doped 

compounds are generally 30‒90 S cm‒1 at 700‒850 oC.42,43 Such values rationalize the 

marginal effect of electronic short circuit imparted on the oxygen permeability, in 

agreement with the observations from other researchers.44 The activation energies 

obtained from the respective Arrhenius plots shown in Figure 6.9(b) for the second and 

third cases are 57.84 and 57.69 kJ mol‒1, which compares favorably against the first 

case showing 67.47 kJ mol‒1 activation energy. 



178 
�

�

Figure 6.9 (a) Temperature dependent oxygen permeation fluxes of SFT0.05 disk membranes 

with different sealing and decoration; and (b) the respective Arrhenius plots. 

 

6.3.3 CO2 resistance and chemical analysis 

�

The stability of SFT0.05 to CO2 is an important consideration for its practical 

application as an oxygen selective membrane in oxy-fuel process or high temperature 

membrane reactors. Fourier-Transform Infra-Red spectra (FTIR) analysis was used to 

probe its stability and identify the possible chemical bonds formed by the reaction with 

CO2 in SFT0.05 and SF powders after heat treatment at 850 oC for 10 h in 100 % CO2 

atmosphere (treated samples denoted as SFT0.05-CO2 and SF-CO2 in Figure 6.10). The 

appearance of three characteristic bands at 860, 1445 and 1771 cm‒1 for CO2-treated 

SF signifies the presence of carbonates anions (CO3
2‒) from SrCO3 which formed 

during the CO2 exposure. For comparison purpose, the inset of Figure 6.10 also shows 
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FT-IR spectrum of SrCO3. However, such SrCO3-associated characteristic bands is 

absent from the spectrum of CO2-treated SFT0.05. It is instead identical to the fresh 

SFT0.05; highlighting enhancement in CO2 resistance for SFT0.05 relative to SF.  

�

Figure 6.10 Fourier-Transform Infra-Red (FTIR) spectra of fresh and CO2-treated SF and 

SFT0.05 powders (SF, SF-CO2, SFT0.05 and SFT0.05-CO2), including commercial SrCO3 

powder as a reference. 

 

The observed CO2 resistance of SFT0.05 can be explained by Lewis acid-base 

theory where CO2 is the acid gas while SFT0.05 is the solid base.4,9,45 Within this 

context, O1s binding energy (O1s BE) has often been used as a parameter representing 

the basicity of perovskite oxides with a higher O1s BE implies lower tendency for the 

perovskite oxide to donate electrons to CO2 to participate in the reaction and therefore 

reflects the lower basicity.4,9 Here, O1s BE of SF and SFT0.05 were quantified using 

X-ray photoelectron spectroscopy (XPS) as shown in Figure 6.11. The peaks at ~533.6 

eV represent absorbed water which are identical for both SF and SFT0.05. Likewise, 

the peaks at ~531.0 eV are assigned to the absorbed oxygen on both spectra. The peak 

for the lattice oxygen however emerged at higher O1s BE (528.7 eV) for SFT0.05 

compared to that for SF (528.3 eV). This higher O1s BE value (0.4 eV) from SFT0.05 

verifies its lower basicity than that from SF. It is interesting to note that the difference 

in O1s BE for lattice oxygen observed here between SFT0.05 and SF exactly matches 

the previous comparative observation between Sr(Co0.8Fe0.2)0.9Ta0.1O3−δ and 

SrCo0.8Fe0.2O3−δ.9 
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�

Figure 6.11 X-ray photoelectron spectroscopy spectra of oxygen species on fresh SF and 

SFT0.05 powders. 

�

Figure 6.12 Long-term permeation tests of (a) SF and (b) SFT0.05 disk membranes in CO2-

containing atmosphere. 
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The CO2 resistance of SFT0.05 in long term permeation testing (in the presence 

of 10 vol.% of CO2 in helium) at 850 oC against SF is presented in Figure 6.12. For SF 

(Figure 6.12(a)), during the first 10-hour period where 100 % helium was used as the 

sweep gas, the fluxes decreased from 0.12 to 0.10 mL min‒1 cm‒2, which is likely due 

to the phase instability of SF. After the introduction of CO2 for 1 hour, the flux rates 

were substantially reduced to 0.075 mL min‒1 cm‒2; most likely due to the CO2 

absorption on the membrane surface.39,46 During the next 15-hour period, the oxygen 

fluxes decreased further by 27 % (from 0.075 to 0.055 mL min‒1 cm‒2). Upon changing 

the atmosphere back to 100 % helium, the fluxes continued to drop to lower values, 

reaching 0.59 mL min‒1 cm‒2 after 52 hour. The degradation of O2 fluxes after the 

introduction of CO2 is likely caused by both phase instability and chemical reaction 

with CO2. Our calculations on O2 degradation rates prior to, during and after 

introducing CO2 (not shown here) indicate that the degradation rate became faster under 

CO2-containing atmosphere. Due to the relatively high chemical stability of the cobalt-

free SF oxide and low CO2 concentration here, the contribution from CO2 reaction 

becomes less apparent although it does exist as we will show below. Unlike SF, 

SFT0.05 �Figure 6.12(b)) shows much higher initial fluxes which varies around 0.51 

mL min‒1 cm‒2 during the initial 34-hour period of permeation using 100 % helium. 

When CO2 was introduced on the 34th hour, the fluxes dropped slightly to 0.42 mL 

min‒1 cm‒2; translating into 18 % reduction only. This flux was maintained over the 

next 71-hour period of testing. As observed, the initial fluxes could be recovered upon 

switching the atmosphere back to 100 % helium. SFT0.05 therefore showed superior 

performance in comparison with SF, in pure helium and 10 vol.% CO2-containing 

helium atmospheres; highlighting enhanced structural and chemical stability from Ta 

doping. We also characterized the phases on the sweep side of the SF and SFT0.05 

membranes subjected to long term test using powder X-ray diffraction�(Figure 6.13). 

The powder XRD pattern for SF reveals the formation of SrCO3 (PDF #05‒0418) which 

is not observed in SFT0.05 sample.23 It is worth noting that a trade-off exists between 

the performance and stability. Our focus on SFT0.05 is to balance the high oxygen flux 

with the relatively improved chemical stability. The highest Ta doping composition we 

developed here, i.e., SFT0.2 is anticipated to have the best chemical stability as is 

demonstrated for its Nb doped SrFeO3‒δ analogue, SrFe0.8Nb0.2O3‒δ perovskite 

membrane�47 Accordingly, the additional permeation tests at 850 oC we performed 
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using 100 % CO2 sweep gas confirmed this hypothesis (Figure 6.14). SFT0.2 delivered 

the lowest oxygen fluxes deterioration rate (21.9 % between 0-32 h) followed by 

SFT0.05 (33.9 % between 0-26 h) and SF (46.0 % between 0-9 h). Sudden drops in 

fluxes were also noticed upon switching the sweep gas from helium to CO2 at 0 h. 

Approximately 60 % reduction from the initial fluxes (in helium) were obtained 

consistently for the three tested compositions which is indicative of significant CO2 

adsorption on the membrane surface.�

�

Figure 6.13 Room-temperature powder X-ray diffraction patterns of SF and SFT0.05 disk 

membranes (sweep side) after long-term test under CO2-containing atmosphere (*: SrCO3 PDF 

#05-0418). 

�

Figure 6.14 Long-term permeation tests of SF, SFT0.05 and SFT0.2 disk membranes in 100 % 

CO2 sweep gas (The first points are the fluxes under 100 % helium). 

�
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6.4 Conclusions 
�

SrFe1‒xTaxO3‒δ (x = 0−0.2) perovskite oxide membranes were synthesized using solid-

state reaction route and characterized in terms of their structure, morphology and 

oxygen permeation flux rates. Composition optimization indicates that the 

incorporation of 5 mol. % Ta within the SrFeO3‒δ perovskite framework can stabilize 

the cubic structure and maximize the oxygen permeation fluxes. The oxygen 

permeation through SrFe0.95Ta0.05O3‒δ membrane with thickness over 0.5 mm was 

mainly limited by bulk-diffusion. Catalyst surface decoration is more effective than 

using the external electronic short circuit to improve the oxygen fluxes. The results 

from FT-IR spectroscopy, XPS analysis and long-term permeation test confirmed the 

enhanced CO2 resistance of SrFe0.95Ta0.05O3‒δ than SrFeO3‒δ and highlight the potential 

of Ta-doped SrFeO3‒δ perovskites for applications in clean energy project like oxy-fuel 

combustion to further reduce the oxygen production cost and in high temperature 

membrane reactors for greener chemical synthesis like the syngas production from 

partial methane oxidation. 

�
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Chapter 7: Conclusions and Perspectives 
�

7.1 Conclusions 
�

In this thesis, novel CO2-resistant ceramic membranes with several different 

configurations have been designed and investigated for oxygen permeation. We aimed 

to develop CO2-resistance ceramic membranes for clean energy delivery applications 

such as oxyfuel combustion, coal gasification, green chemical synthesis and single 

chamber solid oxide fuel cells. Excellent CO2-resistance and good oxygen permeation 

flux are the essential factors in these applications. We explored various methods in this 

thesis, i.e., by using external short-circuit design on traditional GDC membrane, 

applying transition metal sintering aid in GDC membrane, and doping the tantalum into 

a SrFeO3-δ membrane to enhance the overall O2 permeability and CO2-resistance. The 

following general conclusions have been derived from these studies. 

 

7.1.1 Ce0.9Gd0.1O2-δ membrane coated with porous Ba0.5Sr0.5Co0.8Fe0.2O3-δ for 

oxygen separation 

• A cheaper mixed ionic-electronic conducting BSCF was decorated on an ion 

conducting ceramic membrane GDC to realize the external short-circuit concept. 

The as-decorated GDC membrane showed enhanced oxygen permeation flux, 

compared with the membrane coated with silver. 

• The BSCF coating improved the surface oxygen-exchange reaction kinetics by 

increasing the triple-phase boundary (TBP) area.  

• The GDC membrane with a BSCF coating on the feed side and Ag coating on 

the sweep side facing to CO2-containing atmosphere was stable during the long-

term test. 

 

7.1.2 Oxygen permeation behaviour through Ce0.9Gd0.1O2-δ membranes 

electronically short-circuited by dual-phase Ce0.9Gd0.1O2-δ-Ag decoration 

• The dual-phase membrane idea was successfully extended to surface coating to 

decorate GDC-Ag mixture on a fluorite GDC membrane. 
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• A continuous electronic conducing network could be formed on the surface with 

GDC-Ag (50 : 50 wt.%) coating, and a maximum oxygen flux of 0.128 mL min-

1 cm-2 was achieved using the as-prepared membrane. 

• The short-circuited membrane with GDC-Ag (50 : 50 wt.%) coating maintained 

stable performance in a CO2-containing atmosphere for minimum 130 h.  

 

7.1.3 Enhanced oxygen permeability and electronic conductivity of Ce0.8Gd0.2O2-δ 

membrane via the addition of transition metal oxide sintering aids 
• Cobalt incorporated into GDC membrane as a sintering aid could improve the 

sinterability and the electronic conductivity of GDC membranes. 

• The sintering temperature was decreased by 300 °C with 2 mol. % Co (2Co-

GDC) compared with that from a pure GDC membrane. 

• The 2Co-GDC membrane showed the highest oxygen flux of 0.112 mL min‒1 

cm‒2 under Air/He gradient at 900 °C, which was twice that of pure GDC 

membrane. 

• The electronic conductivity was enhanced between 750-900 °C with the Co 

sintering aid, and the ionic transference numbers achieved from modified EMF 

method were lower, compared with pure GDC membrane. 

• Long term (120 h) stability oxygen permeation test using 100 % CO2 as the 

sweep gas demonstrated the enhanced CO2-resistance of 2Co-GDC, indicating 

its potentials in clean energy delivery.  

 

7.1.4 Enhanced CO2 resistance for robust oxygen separation through tantalum-

doped perovskite membranes 

• Tantalum (Ta) was doped into SrFeO3-δ to form SrFe1-xTaxO3-δ (x = 0-0.2) 

through a solid-state reaction method.  

• Incorporation of 5 mol.% Ta could stabilize the cubic structure and enhance the 

CO2-resistance by increasing the O1s binding energy.  

• The long-term oxygen permeation test under CO2 atmosphere further 

demonstrate the potential of using Ta-doped perovskite in a clean energy 

delivery such as oxy-fuel combustion and high temperature membrane reactors.  

 

In conclusion, above strategies provide alternatives to fabricate novel CO2-
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resistant membranes that are potentially to be used in oxygen production, oxyfuel 

combustion and membrane reactors. Compared with other CO2-resistant membranes 

(as shown in Literature review chapter), the resultant membranes in this thesis showed 

comparable maximum O2 flux, i.e., higher than 0.1 mL min-1 cm-2 and can be remained 

stable during long-term operation. Although the O2 fluxes through short-circuited 

membrane and sintering aid-doped membrane is one or two order(s) of magnitude lower 

compared with perovskite membranes, the key advantage of the membranes in this 

thesis is their robust and stable properties. The resultant membranes in this thesis can 

be designed as permeation unit in oxyfuel combustion factory and membrane reactors 

such as syngas production from methane due to the high stability. Moreover, under the 

reaction conditions, the oxygen concentration gradient through the membranes will be 

much larger than that employed in our permeation experiments, i.e., 0.21 atm (air)/10-

8 to 10-16 atm as opposed to 0.21 atm (air)/10-3 atm (sweep), thus resulting in much 

higher oxygen fluxes. Therefore, the short-circuit GDC membranes and those with 

sintering aid have better opportunity to be commercialized in the future. 

 

7.2 Perspectives 
�

1. The surface decoration method in this thesis was exemplified based on a single-

phase fluorite GDC membrane. In the future, dual-phase membranes can be 

applied. Thus, the triple-phase boundary areas are extended and even quadruple-

phase boundary can be formed. The oxygen permeation flux will be enhanced 

due to the increased surface oxygen exchange kinetics. Moreover, the use of 

dual-phase membrane instead of single GDC phase may further increase the 

oxygen permeability due to faster bulk diffusion rate.   

2. Dual-phase coating has been frequently applied in the field of solid oxide fuel 

cells but seldom applied in the membranes for oxygen separation. In Chapter 4, 

we used GDC-Ag mixtures to demonstrate the applicability. In the future, 

different types of dual-phase coatings can be further developed for different 

applications. For example, the silver phase can be replaced by a robust 

electronic ceramic conductor (e.g., La0.8Sr0.2CoO3-δ, La0.7Sr0.3MnO3-δ and 

spinel-structured oxide) or mixed ionic-electronic ceramic conductors. The 
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absence of noble metal can further reduce the cost and improve the 

compatibility between two phases. 

3. The use of transition metal sintering aid was proved to decrease the sintering 

temperature and enhance the oxygen permeation flux. In addition to these 

transition metals, other materials such as perovskite oxide with lower melting-

point may be a suitable sintering aid. In such a case, the sintering aid itself can 

permeate oxygen. For example, GDC powders can be soaked and stirred in 

BSCF gel to form BSCF-encapsulated GDC. The as-prepared GDC may be 

densified at lower temperature and the existence of BSCF on the GDC grain 

boundary can facilitate the oxygen transport.  

4. The CO2-resistant membranes involved in this thesis were targeted at 

applications in clean energy delivery such as oxyfuel combustion and 

membrane reactors. However, in this thesis we only demonstrated the oxygen 

permeability and CO2-resistance of these membranes. In future work, these 

membranes should be tested under real industrial processes, e.g., oxyfuel 

combustion and green chemical synthesis.  
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